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Executive Summary

The overall objective of this program was to provide a fundamental understanding of the
processing science and technology necessary to fabricate ceramic-matrix, intermetallic-
matrix, and metal-matrix composites with superior mechanical properties in high
temperature and oxidizing environments. The composites are intended for use as
structural materials for advanced aerospace applications at temperatures exceeding
1200°C (2200°F).

In order to accomplish the program objective, interactive research groups were
established in three key areas of (a) Fiber Fabrication, (b) Coatings and Infiltration, and
(c) Composite Fabrication. The objective of the fiber fabrication group was to develop
new fibers which have superior strength and toughness at high temperatures and in
oxidizing environments. The research effort focused on the development of two types of
fibers: (1) glass-free mullite-based fibers, and (2) oxygen-free silicon carbide fibers. The
coatings program had two primary objectives: (1) to control the characteristics of
matrix/reinforcing phase interfaces (e.g., to control chemical reactions and bonding at a
matrix/fiber interface) and (2) to develop coatings that will improve the oxidation
resistance of metal-matrix and intermetallic-matrix composites. Coatings methods utilized
included chemical vapor deposition, sol-gel processing, and solution coating with
polymeric precursors to ceramics.

The composite fabrication group investigated various methods to incorporate reinforcing
phases (i.e., fibers, whiskers, and particulates) into ceramic-, metal-, and intermetallic-
matrices. Processing methods investigated included colloidal processing, chemical vapor
infiltration, reactive hot-compaction and in situ coating, and microwave sintering. The
objectives were not only to utilize innovative processing techniques, but also to develop
and improved scientific understanding of processing-mjcrostructure relationships in
composites fabrication.

This annual report consists of seven sections compiled in four books as described below:

BOOK I
Section 1 Processing and Properties of Silicon Carbide Fibers
Principal Investigators: C.D. Batich
M.D. Sacks
Section 2 Processing of Mullite Composite Fibers
Principal Investigators: J.H. Simmons
M.D. Sacks

A.B. Brennan

Section 3 Chemical Vapor Deposition (CVD) and Chemical Vapor
Infiltration (CVI)
Principal Investigator: T.J. Anderson




BOOK II

BOOK III

BOOK IV

Section 1

Section 2

Section 1

Section 2

Section 1

Processing and Properties of Intermetallic Matrix Composites
Principal Investigator: R. Abbaschian

Mechanical Alloying of MoSi,
Principal Investigator: M.J. Kaufman

Processing of Ceramic Matrix Composites
Principal Investigator: M.D. Sacks

Processing of BaO-Al,0,-2Si0, Fibers
Principal Investigator: D.E. Clark

Processing and Mechanical Property Characterization of Tape
Cast, Multilayer, Alumina/Nickel Laminated Composites
Principal Investigator: J.J. Mecholsky
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Processing and Properties
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Intermetallic Matrix Composites

Principal Investigator: R. Abbaschian




Development of Intermetallic Matrix Composites

Principal Investigator: Reza Abbaschian

Objectives
The overall objectives of this program are:

(1)  To develop processing techniques for in-situ formation of intermetallic-matrix
composites and various reinforcement coating formation methods for the stability
of the composites.

(2)  Todevelop intermetallic-matrix composites with properties suitable for structural

applications above 1200°C.

These objectives were pursued through the investigation on three classes of intermetallics,
(1) molybdenum disilicide (MoSi,), (2) Nb-base aluminides with the major focus on NbAl,,

and (3) Ni-base aluminides with the major focus on NiAl.

Background and Approach
The development of intermetallic-matrix composites is motivated by their inherent

useful properties such as excellent oxidation resistance, high melting points and relatively low
densities. It is expected that their inherent advantages can be effectively utilized via artificial
compositing, targeted specifically to overcome their disadvantages, i.e., poor fracture toughness
(~ 1 -3 MPam'?) at ambient temperature and low creep resistance and strength at high
temperatures. V».l."he approaches used are to improve fracture toughness via ductile phase
toughening, and to increase the creep resistance and strength via high strength reinforcements

such as alumina.

The present investigation has been carried out in four stages: (1) Developing a coating
technique to prevent the deleterious interactions between ductile reinforcements and the brittle
matrices and to maintain the integrity of the reinforcements. Different coating techniques have
been used for different matrices because of their different chemical properties; (2) In-situ
formation of intermetallic-matrix composites through reactive hot compaction (RHC), as

exemplified using Nb-base aluminide composites; (3) Evaluating the effects of size,




morphology and orientation of ductile phases, and the matrix/ductile reinforcement interface
on the toughness of the composites, modeling these effects, and providing guidelines for the
design of ductile-phase-reinforced composites. The evaluation of ductile-phase-toughening is
only carried out in MoSi, matrix composites but it is believed that the general rules disclosed
would also be suitable for other ductile-phase-toughened brittle matrix composites; (4)
Developing a reactive processing technique to form nickel aluminide microcomposites

containing in-situ alumina reinforcements.

The specific results are summarized below, with additional information provided in the

listed references and/or the attached publications.

Research Summary

1. MoSi, Matrix Composites

1.1 Owing to the projected use temperatures, the suitable ductile reinforcements are
limited to the refractory metals, notably W, Ta, Mo and Nb. Niobium has been chosen as a
ductile reinforcement in the present study because its thermal expansion coefficient is closest
to that of MoSi,, and it also has a relatively low density. For controlling the
matrix/reinforcement interaCtion, chemical compatibilities of various potential coating materials
(mullite, ALO,;, and ZrO,) with MoSi, and Nb were studied via microstructural and
compositional analyses [1,2]. Based on these analyses, Al,20; was chosen as the final diffusion
barrier coating because it is chemically compatible with both MoSi, and Nb, and it also has

a thermal expansion coefficient close to those of both the matrix and reinforcement.

1.2 The techniques investigated to produce Al,O; coating on Nb surface included (1)
sol-gel processing; (2) physical vapor deposition; (3) hot dipping the reinforcement in molten
aluminum, followed by anodizing Al to form Al,O,. The process control parameters for the
techniques and the effectiveness of the coatings as a diffusion barrier were evaluated [3]. The
results indicated that a thick and dense Al,O, coating is necessary and effective in eliminating
the interactions between Nb and the matrix of commercially pure MoSi,. The results also
showed that the best coating is provided with physical vapor deposition, followed by sol-gel

technique. The main drawback of the latter technique was shrinkage of the coating during




drying and sintering of the gel.

1.3 A coating technique has been developed which is the combination of sol-gel
coating with solid particle addition to co-deposit sol-derived colloids and fine particles to form
a dense and continuous diffusion barrier for matrix/reinforcement interfaces [4]. In this process
the gel derived from the sol acts as binder for the fine particles, while the fine particles reduce
the shrinkage of the sol-gel and promote the formation of dense coatings. The technique has
been applied to MoSi,/Nb, MoSi,/Ta, NiAl/Nb, and NiAl/Ta composite systems with a
substantial improvement over the sol-gel coating technique. The developed coating technique

also has a potential to be a continuous process.

1.4 A sandwich-type chevron-notched specimen was used to characterize the fracture
energy of the interfaces in composites [5]. The specimen of this kind combines the advantages
from both sandwich test specimens and chevron-notched specimens, and therefore, provides
an easy and accurate test for the measurement of interfacial fracture energy. The specimen
geometry has been successfully used in Al,O,/Nb and MoSi,/Nb systems with coatings and
without coatings to explore the effects of chemistry on the bond strength at the interfaces [5-8].
The main conclusions from these tests are: (1) A strong bond can be formed between two
chemically compatible materials, such as the AL O,/Nb interface; (2) The bond strength
between chemically compatible materials is usually weaker than that between two reactive
materials, such as Al,0,/Nb interface vs Al,O,/NbO interface; (3) The order of the bond
strength betweén Al O; and intermetallics or metals might be predicted by the reactivities of
the elements involved with AlLO,; and (4) The bond strength between a metal and an

intermetallic is higher than that between an oxide ard an intermetallic.

1.5 Effects of the matrix/reinforcement interface, the mechanical properties and size
of the ductile phase on the flow behavior of constrained ductile phase were evaluated [9-12].
Based on the observations from the tensile tests, an approximate model was proposed which
gave insight into the influence of yield strength, work hardening, matrix/reinforcement
interfacial bonding strength and size of the ductile reinforcement on the flow behavior. The

flow behavior of the constrained ductile phases was related to the fracture toughness of




composites via small-scale-bridging model. The major conclusions are: toughness of the
composites is enhanced by a relatively weak bond at the matrix/reinforcement interface, by
large size of ductile reinforcements, and by a ductile phase with a high yield strength and high
work hardening rate [10-12]. The stress-displacement function has also been generated to
calculate the bridging stress across the crack surface in a large-scale-bridging model proposed

in the present study [13].

1.6  The role of the matrix/reinforcement interface in the fracture toughness of
MoSi,/Nb composites has been assessed via four-point bend tests on chevron notched
specimens [7]. Variation of the interfacial bonding was obtained by depositing different oxide
coatings (AL, O, and ZrO,) or by the development of a reaction product layer between the
matrix and reinforcement. Measurement of fracture energy (bond toughness) of the interfaces
was carried out.using the newly-developed sandwich-type chevron notched specimens [5-7].
It has been established that whether or not a strong interfacial bonding is conducive to
toughness depends on the criterion used to describe the toughness of the composites [7], a
finding which is in agreement with the prediction of the large-scale-bridging model developed

in the present study [13].

1.7  Four-point bend test has also been used to evaluate the effects of the size,
morphology and orientation of ductile laminae on the toughness of the composites [14,15]. The
tests revealed that (1) toughness of the composites increased with increasing size of Nb laminae
[14]; (2) bothm Nb fibers and laminae offer similar toughening capabilities, i.e., fracture
toughness has been increased to about 14 MPa,m'? from 3 MPa,m'? for unreinforced matrix
[15], suggesting that the bridging contribution of the ductile fibers and laminae are very
similar; and (3) ductile laminae offered two dimensional toughening, while fibers only provided
one-dimensional toughening [14]. The similar toughness of the fiber- and lamina-reinforced
composites has a bearing on the design of ductile-phase-toughened composites, that is, ductile

laminae can provide better toughening characteristics than ductile fibers.

1.8  The toughness evaluations and examination of the interaction of cracks with

ductile reinforcements indicated that (1) ductile phase toughening involved large-scale bridging,




i.e., the bridging-length was at the same magnitude as the crack length, the specimen size or
the distance from the crack to the specimen boundaries [2,16]; and (2) the toughening of brittle
matrix with ductile phase could be described by the equilibrium stress distribution across the
crack surface [14]. A general approach has been proposed to compute the ductile phase
toughening in the case of large-scale-bridging [13]. The approach, which allowed for the
prediction of the typical R-curve behaviors of ductile-phase-toughened composites,
encompassed the effects of the bonding strength of the matrix/reinforcement interface, the size
of ductile phases, and the intrinsic mechanical properties of the reinforcement and matrix. The
main conclusions from this model are as follows: (1) A weak interface would be desirable if
cracks concerned are long, whereas a strong interface would be beneficial if the cracks are
short; (2) Large sizes of ductile phases are more capable of toughening when cracks are large,
while composites with small sizes of ductile phases have a higher fracture stress when the
cracks are small; and (3) Toughness increases with increasing yield strength, elastic modulus
and work hardening rate of ductile phases. However, yield strength and elastic modulus are
more effective in enhancing toughness than work hardening rate when cracks are small, while

the work hardening rate provides a larger toughening after extensive crack propagation.

1.9 Incorporation of SiC whiskers into MoSi2 matrix has been accomplished via tape
casting technique. The motivation of using this technique was that the orientation of SiC
whiskers could be controlled by the stacking orientation of the tapes with different
compositions and thickness. Thus, laminates could be custom designed to yield desired
properties. A sllp formulation (organic solvent, dispersants and binders) for tape casting
MoSi,/SiC suspension has been developed [17]. The formulation not only enhanced the
uniform distribution of SiC-whiskers in MoSi, matrix, but also had a very low binder burnout
temperature (< 300°C). The latter was greatly helpful, in reducing oxygen contamination
during processing. Composites containing 30 vol.% SiCw made from these tapes have
exhibited a substantial improvement in the strength and toughness. The flexural strength and
toughness of MoSi, composites increased from 328 + 65 to 650 + 44 MPa and from 3.3 £ 0.2
to 5.0 + 0.4 MPa,m'?, respectively [18].

1.10 Effects of ductile reinforcements on the stiffness and strength of the composites




have been evaluated using MoSi2/Nb laminates [19]. The results suggested that toughening by
a ductile phase with a lower elastic modulus than that of the matrix would cause a decrease
in the strength of the composites [19]. To overcome this drawback, a dual compositing
approach to improve the strength and toughness of simultaneously has been proposed and
confirmed with MoSi,/SiC/Nb system [20]. For example, MoSi, reinforced with 20 vol.% Nb
laminae exhibited a decrease in flexural strength from 328 + 65 MPa for monolithic MoSi, to
286 + 53 MPa for the composite, while the toughness had been increased from 3.3 + 0.2 to ~
14 MPa,m'2.  Using the dual-reinforcement approach, the flexural strength of MoSi,
composites with 30 vol.% SiCp and 20 vol.% Nb laminae had been improved to 480 + 46
MPa, while still maintaining toughness at 14 MPa,m"?. The underlying principles for such
simultaneous improvements in both strength and toughness are the control of the thermal
expansion coefficient of the matrix and at the same time the improvement of the strength with
SiCp addition. It is expected that if SiC whiskers are used, the strength would be further

improved whilé still maintaining the high toughness of the composites.

1.11  To further improve the properties of MoSi, composites, especially the high
temperature properties, the source of SiO, contamination in MoSi, has been investigated. [21].
The results showed that the exposure of clean molybdenum disilicide to the air at ambient
temperatures for just a few minutes led to the formation of SiO, and MoO,, and this oxidation
would continue until the entire surface of MoSi, was covered by a duplex oxide layer of SiO,
+ MoO;. This result clearly indicates that the oxidation of MoSi, occurs even at room

temperatures, thus imposing a challenge for eliminating SiO, in MoSi, composites.

2. NbAI; Matrix Composites

2.1 Reactive hot compaction (RHC) has been successfully utilized to produce NbAl,
matrix with close to 100% theoretical density at relatively low processing temperatures of
around 1300°C. The effects of process control parameters such as ratio of the elemental Nb
and Al powders, particle size, and heating rate, on the microstructure of NbAl; matrix have
been evaluated [22,23]. By controlling the initial stoichiometry, NbAl; matrix composites
containing a dispersion of Nb,Al or Nb,Al particles with a niobium core has been produced

via RHC. The fracture toughness of the composites has been determined to be 3.5 MPa,m'?,




compared with 1.9 MPa,m'? for the monolithic matrix [22,23]. The improvement can be

attributed to crack deflection and crack bridging.

2.2 In order to further improve the fracture toughness of NbAl,, refractory metal
reinforcement, Nb, has been incorporated into the matrix during RHC process. To prevent the
interactions between the ductile reinforcement and the matrix, an alumina coating is produced
in-situ during RHC process. The detailed procedures for producing in situ alumina coating is
provided in Patent 1. Briefly, it involved pre-oxidizing Nb filaments to form Nb,O; scale, and
converting the Nb,O; scale into Al,O, layer at the matrix/reinforcement interface via an
interface reaction during the subsequent RHC process. The coating thickness was varied from
3 to 8 um by changing the oxidation time of the Nb filaments. Long term annealing at 1200°C
indicated that the in-situ Al,O; coating was stable and effective in suppressing the interactions

between the matrix and ductile reinforcement [24].

2.3 Fracture toughness of 20 vol.% Nb-reinforced NbAl; composites was measured
to be 9'.4 MPa,m'?, five times higher than the matrix. Fracture surface analysis indicated that
partial decohesion had occurred at the matrix/filament interface allowing the Nb filaments to
fail in a ductile manner. The in-situ Al,O, coating, therefore, not only acts as an effective
diffusion barrier, but also imparts a desirable interfacial strength to allow for a limited

debonding at the interface [24].

3. NiAl Matrix Microcomposites

A process has been developed to produce (Al,O;) reinforcements in-situ in nickel
aluminide [25,26]. The process involved reactively hot pressing of pretreated elemental nickel
and aluminum powders to form an interconnected network of Al,O, and an interpenetrating
NiAl matrix. Four-point bend tests of chevron-notched specimens indicate a substantial
increase in room temperature fracture toughness with volume fraction of alumina up to a peek
of 14 MPav'm at 18 volume percent, followed by a slight drop-off at 25 volume percent, the
highest level in the study.

The reaction sequence was studied via differential thermal analysis (DTA) and by




interrupting the process at various points throughout the cycle. The elemental powders were
found to form NiAl at temperatures will below the melting temperature of aluminum.
However, when oxidized powders were reacted, the aluminum melted prior to the initiation of
intermetallic-formation reaction which was delayed until 880°C. It was found that reacting the

oxidized powders under pressure reverted the initiation of the intermetallic-formation reaction

to below the melting temperature of aluminum.

The low-temperature reaction was found to result in the development of a three
dimensional network of interconnected Al,O, reinforcements in a NiAl matrix. Oxidizing the
Al powders prior to hot pressing resulted in the formation of a rod-like network of alumina,
while oxidizing the Ni powders produced a tubular alumina network. The oxidation of
aluminum was determined to be the critical step for the development of the proper alumina
morphology and interfacial properties necessary to improve the fracture toughness.
Specifically, the relative humidity in the oxidizing atmosphere controlled spallation from the
Al powders, reducing the occurrence of isolate alumina inclusions in the matrix, especially with

weak NiAl-AlO, interfaces, which were found to severely degrade fracture toughness.

A physical model is presented which describes the effect of oxidation pretreatment on
the reaction and the resultant alumina morphology. In addition, the role of pretreatment in
controlling bonding at the NiAl-Al,O, interface was shown to result in composites with

improved room temperature fracture toughness.
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Abstract

A sandwich-type chevron-notched specimen, which has a phase angle of loading ncar
zero, is proposed to measure interfacial fracture encrgy arising mainly from chemical bonding.
With the specimen configuration of this kind, the advantages from both sandwich test specimens
and chevron-notched specimens can be combined to provide an casy and accurate test for the
measurement of interfacial fracture energy. The validity of the specimen has been analyzed in
terms of the mechanics of sandwich-type specimens and chevron-notched specimens, and
demonstrated using the Al;04/Nb bimaterial system. The results shows that for a phase angle of
loading around -7 degree the Al;04/Nb interface has an fracture energy of 9.3 £ 0.2 J/m2.




Introduction

To obtain a high transverse loading on composites, a high interface strength is required,
while this is in conflict with the toughening through the interface debonding As such, optimal
interface propertics between dissimilar materials are desirable for an optimal performance of
composites in structural applications [1] Interfacial propertics are also important for
glass/metal, ceramic/metal, ccramic/ceramic  scals  and  microclectronic  components (2]
Thercfore, the measurement of strength and crack growth resistance at the interface between
dissimilar  matcrials is crucial for the design and quality control of dissimilar matcnial
components.

Mcasurcment of interfacial fracture cnergy is much more involved than measurement of
fracturc cnergy of homogencous matcrials duc to the different clastic propertics of the two
matcnials at the interface. Interface crack tips usually experience both shear and normal stresses
even when the external loading is pure tension or shear (3,4]. For example, for a planc strain
interface crack, the stress and displacement ficlds at the crack tips can be fully characterized by a
complex stress intensity factor, K, in which tensile and shear effects near the crack tip are
intnnsically coupled and cannot be scparated into classical mode | and mode 11 conditions [4].
Analyses of the mechanics of an clastic interface crack have further indicated that (i) the mixed
tension and shear ficlds at the crack tip arc not only inherently coupled, but also are oscillating,
leading to crack surface interpenctration [4-6), (i) the relative proportion of shear to normal
stresses onthe interface directly ahcad of the crack tip depends on clastic mismatch across the
interface, -crack length, distance of the interface from the tip, and cven units used for the
complex stress intensity factor (4], and (iii) the tip fields are governed by two bimaterial elastic
parameters, i.c., the Dundurs' parameters {7]

(-0, ) - py (1-0;)
/Il(l-U,)*‘}Iz(l-U.)

B (1-20,) - 4, (1-20,) (1
2{u, ( l-u,) +u, (1-0,))

p =

where p is the shear modulus, v is Poisson's ratio and the subscripts 1 and 2 refer to the two
matenials. Roughly speaking, the absolute value of a is an indication of the degree of difference
in stiffness between materials | and 2. The larger the absolute value of «, the bigger the
difference in the stiffnesses of materials | and 2. The parameter B is responsible for the
oscillatory stress and displacement ficlds at the crack tip. Another useful parameter is (3]

§ = trln{l;—pl (2)

1

2 1+4

In many interface crack tip stress and displacement equations, ¢ is used instcad of B for
convenience. The foregoing three aspects bring out the differences of the interface fracture from
ordinary fracture of homogencous materials. The crack surface interpenetration presents obvious
ambiguity in the interface fracture. However, non-zero values of B are small for many bimaterial
~ interfaces of interest. Thus, it has been proposed that a zero-f is used to deal with interface
fracturc in many cases (8-10]. The inseparability of the complex stress intensity factor and the
dependence of the ratio of the shear to normal components of the traction at the crack tips on
crack length, distance from the tip and units introduce complexity into the interface fracture.
However, e , which approaches zero when 3 — 0, is also small for many material combinations




of interest As such, it is suggested that the change ol the degree of mixity of shear to tension at
the crack tips with crack length can be neglected for crack propagation within a very broad limit
{4] Furthermore, as a result of small ¢, the crack ficlds at fixed distances away from the tip can
be expressed by stress intensity factors of classical type Ky and Ky by substituting
Ky ¢ iKyy for complex K€ (r is the fixed distance at the interface ahead of the crack tip and can
be chosen arbitrarily within very broad limits) [4] With the above simplifying hypotheses,
measurement of interfacial fracture cnergy can be conducted by neglecting the interpenctration
of crack surfaces, and by taking the ratio of the shear to normal components of the traction near
the crack tip as constant along the interface and also as constant as crack propagates

The scparation of complex K into K and K{; allows one to describe the degree of mixity
of shear to tension at the tip with the classical stress intensity factors. Thus, the mixed tension
and shear ficlds cxpenicnced by the interface crack tip are commonly characterized by the so-
called phasc angle of loading, w, which is the angle with a tangent given by the ratio of mode I1
to mode [ stress intensity factors at the crack tip [4,8]. The calculation of the phase angle of
loading on the interface at a fixed distance from the tip can be made with the aid of {10,11)

gy = lan"(Kanl)
=¢ +w(a,p) +eln(Lyl)) (3)

where ¢ is the phasc angle of extemal loading, o, tabulated in {10], is the shift due to the elastic
mismatch across the interface, L, and L are two different crack lengths, and the last term in the
right hand side of the equation is the shift duc to the crack propagation. As mentioned before,
is normally taken as zero, so is €. Thus, equation 3 is reduced to

v =46 +w(a,0) (4)

Therefore, the phase angle of loading at the interface is the sum of the external loading phase
and the shift due to the clastic mismatch across the interface. The phase angle is important
because it is found that interfacial fracture energy usually increases with the increase of the
phase angle y [11]. The fracture energy of interfaces at y = 0 comes mainly from the chemical
bonding, while crack shielding and dissipation from non-linearity of the constituents and non-
planarity of the interfaces contribute more and more to the fracture encrgy as y increases [8).
Due to the y dependence of interfacial fracture energy and the occurrence of interface
fracture at a wide range of v in composites, thin films and seals, various test specimens have
been devised for characterizing interfacial fracture energy. Each specimen geometry has usually
a limited range of phase angles, and therefore is suitable for certain interface fracture
measurements.  For example, double cantilever beam specimens (12] have a phase angle from
about - 109 to 59. Four-point fiexure delamination specimens [13] have a phase angle about 50°.
Composite cylinder specimens (14] have phase angles ranging from 709 to 909, Peel test [15],
which measures the coating-substrate interfacial fracture energy and strength, has a negative
phasc angle (about - 50%). Bimaterial chevron-notched short bars [16], which consist of a joint
of two bulk dissimilar materials and a chevron notch along the jointed plane, have phase angles
extending from about - 109 to 59. Fiber push-out tests [17), which can also be used to obtain
fracturc energy data, have a phase angle of about - 909 for specimens with no residual clamping
stresses. With residual clamping stresses, the phase angle would range from - 90° to more
negative angles depending on the clamping stresses. Brazil-nut-sandwich specimens [11),
designed for gencrating the full interfacial toughness curves over a spectrum of phase angles,
provide phasc angles from about 09 to 909. A recent tensioned push-out test 18] also gives
phase angles from about 09 to 909. Obviously, various tests have been designed to measure




interfacial fracture cnergy However, some of these (e g tiber pull-out and push-out tests) are
limited to high phasc anglcs of loading, while others (¢ g four-point flexure delamination
specimen) are only capablc of large degree of mixed mode loading. Puil-out, push-out and
tensioned push-out specimens arc also diflicult to fabricatc and sensitive to residual thermal
stresscs. Brazil-nut-sandwich specimens arc hard to fabricate in composites which require high
tempcrature processing while maintaining or introducing a sharp interface crack at the same
time. Bimatenal chevron-notch short bars containing two bulk matcrials need calibration of the
dimensions for cach particular pair of the dissimilar matcrials. Nevertheless, these different tests
provide indispensable means for cxamining interfacial fracture energy from a wide range of
phasc angles, and afford flexibility in choosing a most suitable test specimen for a particular
interface problem. »

The present paper is aimed to providing a test specimen which has a nearly-zero phase
angle of loading, and therefore is suitable for measuring the toughness mainly from chemical
bonding. The proposed geometry is a sandwich-type chevron-notched specimen. As such, the
advantages from both sandwich test specimens and chevron-notched specimens are combined to
provide an casy and accurate test for the measurement of interfacial fracture energy.

Test Specimen

The test specimen proposed, consisting of a thin sandwich layer (material 2) within an
otherwise clastically homogencous specimen (material 1) with a chevron notch along the
sandwich plane, is shown in Figure 1. The groove introduced on the side of the chevron notch
tip is for the application of an opening mode extemnal loading via a pair of grips which are not
shown in the figure. Instead, a pair of “P" is used to represent the external loading. The
thickness of sandwiched layer, h, has to be very small compared with all other in-plane length
scales. With a small h, the critical interfacial stress intensity factor, K, can be evaluated from the
applicd, or apparent, stress intensity factor, K® , which is calculated as if the specimen were
homogencous. As such, the previously developed compliance calibrations for chevron-notched
specimens made of homogencous materials can be utilized directly. Theoretical analysis of
converting K% into K for sandwich-type specimens has been conducted by Suo and Hutchinson
(10]. Brefly, because of the conservation of the J-integral and because the introduction of the
thin layer does not disturb the remote K field, the energy release rate at the interface crack tip
should be equal to the energy release rate computed using the far ficld. Based on this argument,
the complex stress intensity factor at the interface crack tip field can be shown to be related to
the apparent stress intensity factor by (10]

K hi€ « pK ® ¢io (5)

where p = ((1 - a)/(1 - $2)}12, and a, B, € and © have the same meanings as defined before.
For intcrfaces with very small B and thus €, § and € can be taken as zero. Thus, equation §
becomes [10]

K= (1-a)2K® o (6)

Equation 6 indicates that the measurement of the interfacial fracture toughness can be carried
out in two steps. First, the applied stress intensity factor, K%, is calculated from the critical
external loads as if the specimen were homogencous. Second, equation 6 is used to convert K®
into the interfacial stress intensity factor, K. Note that the simplification of equation § into 6 also




requires h to be small because 3 is hardly cqual to zero for maost interface systems of interest.
With small h. the conversion of K ' to K is actually independent of h (see equation 6)

Another quantity to describe the toughness of interface is the energy relcase rate of the
interface, G, which is more straightforward to cvaluate than K for sandwich-type specimens. As
pointed out before, for a very thin sandwiched layer the energy release rate at the interface crack
tip is equal to the cnergy releasc rate computed using the far (icld Thus, the familiar relation

between stress intensity factor and energy releasc rate,

?

G oL U K| (7)
I

could be used directly to calculate the interfacial fracture cnergy as if the specimen were made of
homogencous material. However, the phasc angle of loading at the interface for the measured
interfacial fracture encrgy is not the external loading phase, but is that calculated from cquation
Jord :
Measurement of K* using chevron-notched specimens made of homogencous material
has been an extensive topic in many investigations (19-27). The unique features of chevron-
notched specimens over conventional fracturc-toughness specimens are: (i) an extremely high
stress concentration at the chevron tip, and (ii) the development of a minimum stress intensity
factor as the crack propagates. The high stress concentration at the tip allows the crack to
initiatc at a low applicd load, climinating the need to fatigue precrack a specimen. The minimum
stress intensity factor permits fracturc toughness to be cvaluated from the maximum load
without monitoring the crack length. The basic cquation for cvaluating fracture toughness from
chevron-notched specimens is (23]

a, &,
*

p
= Y(=, - 8
BJW (ww ) (@)

K Ly
W
where K' is the stress intensity factor at the crack tip, Y is the stress intensity factor cocfTicient
and is a function of crack length, dimension and compliance of the specimen, and P, B, W, 2, a;
and a have been defined in Fig. 1. During the carly stage of the crack propagation, Y decreases
with increasing crack length. Thus, more and more load has to be applied to extend the crack if
K® of the miaterial remains constant. When the crack length, a, reaches a crtical value, the Y
reaches a minimum Y i, and at the same time, the load P reaches a maximum Py, .. Therefore,
K* can be calculated from
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The minimum value of Y has been predetermined for particular chevron-notched configurations -
by various techniques including finitc element analysis (24,25], boundary clement analysis (25,
boundary integral method [26], and analytical approaches such as straight-through-crack
assumption analysis (19] and Bluhm's slice model (27]. With Yy, in hand, K% can be
determined directly from the measurement of the peak load, Pryy o Of the load-displacement
curve.

K® =

For the sandwich-type chevron-notched specimens, the test can be conducted as if the
specimen were made of homogencous material. Then, the applied stress intensity factor is
calculated using equation 9, and the interfacial fracturc energy using oquation 7. In the
following, the application of this type of specimen is demonstrated using the Al;O3/Nb system.




Afer passing through the maximum load, the load suddenly dropped because of rapid specimen
fracture. Thus, the maximum loads detected were regarded as valid values for calculating the
fracturc cncrgy of AlOy with the aid of cquations 9 and 7. The fracturc energy measured, G,
was 23.1 t 12 J/m? (from 6 spccimens), or in terms of (racture toughness, K® =30
MPa.m!/2. Note that the current results arce for the Al;O4 with a mean grain diameter of 3 um
after the consolidation, and arc comparable with the literature (33-35]. For example, working
with different grain sizes of AlyO4, Rice ¢f al. {33] found that fracture cnergics of Al,O5 with
grain diamcters smaller than 10 jum were about 18 J/m?, whercas Davidge [34] reported a value
of 23 J/m? for 3 jm grain diamcter Al;Oy. Shannon and Munz (35] found the fracture
toughness, K%, of Al,04 with a uniform mix of grains 2 to 30 pm in size to be between 3.5 and
4.5 MPa.m!/2 depending on the specimen geometry of the chevron notched short bars.

Stable crack propagation at the chevron planc was also supported by the examination of
the fracture surface of the Al;O5. Typical fracture surfaces of Al,O; at the chevron crack arc
presented in Figure 3. Higher-magnification photographs shown in Figure 3(b) and (c) were
taken from the positions b and ¢ shown in Figure 3(a), respectively. As seen in the figures,
intergranular fracture prevailed near the tip of the notch, while transgranular fracture dominated
at the bottom of the notch. Between these two positions, a transition of fracture mode was
observed. The position dependence of the fracture mode is believed to be related to the
characteristics of the crack propagation on the chevron planc. Due to the V-notch geometry and
control of the crack propagation by the crosshead speed of the testing machine [27,36), the
crack propagates stably ncar the notch tip, unstably at the bottom of the notch and changing
from stably to unstably at the intermediate position. As such, at the notch tip, crack propagation
is the slowest and it chooses the low cnergy path which is the grain boundary for the present
matrix, while at the bottom of the notch, crack propagation is too fast to allow for the low
energy path, leading to transgranular fracture. Such position dependence of the fracture mode
was also observed in chevron-notched MoSi; specimens {37]. The above discussion clearly
indicates that the present testing procedures and specimen dimensions are appropnated for
stable crack propagation, and thercfore suitable for fracture energy measurement.

AL Q3N Interface

A typical load-displacement curve of the Al;O3/polished Nb laminate is shown in Figure
4. Again, a stable crack propagation was achicved, as indicated by the fluctuation in the curve
near the maximum load. Therefore, the maximum load was used to calculate G with the aid of
cquations 9 and 7, and a fracture energy of 9.3 + 0.2 J/m?2 was obtained (for 3 specimens
tested). The two corresponding fracture surfaces at the chevron crack are presented in Figure S.
As seen from the figure, the two opposite surfaces match each other with one being concave and
the other convex. The composition analysis with energy dispersive spectrometer (EDS)
indicated that the fracture surface on the convex side contained only Al;O3, while the concave
side consisted of only Nb. Thus, it is clear that the crack had propagated right along the
interface between Al;O5 and Nb.

The phase angle of loading at the crack tip, y, for the measured interfacial fracture
cnergy was calculated using cquation 4. The w(a, 8) was found from Table 1 in reference (10]
with the shear moduli and Poisson's ratios of Al,03 and Nb being 162 GPa and 0.22 (38), and
36.72 GPa and 0.38 (39), respectively. The results showed that y = - 79 for non-zero f or y = -
89 for assuming p = 0.

It is interesting to compare the present fracture encrgy of Al;O3/Nb interface with other
studics (8,30). Using a laser spallation technique, Gupta er al (30] found that the fracture energy




of AlO/Nb interface was 0 0009 J/in2, while a fracture cnergy of 80 J/m2 was obtained by
Cvans et al [8), using a notch-bend test Both of these interfacial fracture encrgics were obtained
at the condition of a ncarly-zero phasc angle of loading However, the low fracture energy value
in the lascr spallation test has been attributed to the presence of interface flaws [30). The value
obtained in the notch-bend test is much closer to the present result, although a difference exists.
The difference may be duc to the different processing conditions or due to the notches rather
than a sharp pre-crack used in the notch-bend test Finally, it is noted that the currently
mcasurcd fracturc cnergy of the Al;O4/Nb interface is larger than the work of adhesion for this
interface (about 1 J/m2). This is in agreement with the general observations that fracture energy
of interfaces is typically larger than the work of adhesion (8.

Concluding Remarks

A sandwich-type chevron-notched specimen, which has a nearly-zero phase angle of
loading, has been proposcd to measure interfacial fracture cnergy arising mainly from chemical
bonding. The specimen has been analyzed based on the mechanics of sandwich-type specimens
and chevron-notched specimens, and demonstrated using the Al;03/Nb bimaterial system. The
main advantages of this specimen are:

(1) Itis casy to fabricate (cither diffusion or adhesive bonding), and casy to test with no
need for fatigue precracking. Thus, the specimen allows the generation of the sizable amount of
toughness data at low cost.

(2) No spccial compliance calibration of specimens is necessary because a large body of
previously developed compliance calibrations for homogencous matenials can be utilized
directly.

(3) Duc to the above characteristics, the specimen provides a quick and accurate testing
method for measuring the trend of “chemical bonding™ as a function of other material
parameters, such as composition, processing conditions, and microstructure at the interface.
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Fig. 2 A typical load-displaccment curve of sandwich-type chevron-notched
monolithic Al,04.

Fig. 3 (a) Fracture surface of Al,05 at the chevron crack; (b) high magnification view
of position b shown in figure (a); and (c) high magnification view of position ¢
shown in figure (a).
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Fig. 4 A typical load-displacement curve of the Al;04/Nb sandwich-type
chevron-notched specimens.
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Fig. 5 The two corresponding fracture surfaces of an Al;03/Nb specimen
at the chevron plane.




Role of Matrix/Reinforcement
Interfaces in the Fracture Toughness of Birittle
Materials Toughened by Ductile Reinforcements

L. XIAO and R. ABBASCHIAN

Crack interactions with ductile reinforcements, especially behavior of a crack tip at the interface,
have been studied using MoSi, composites reinforced with Nb foils. Effects of fracture energy
of interfaces on toughness of the composites have also been investigated. Variation of interfacial
bonding was achieved by depositing an oxide coating or by the development of a reaction prod-
uct layer between the reinforcement and matrix. Toughness was measured using bend tests on
chevron-notched specimens. It has becn established that as a crack interacts with a ductile re-
inforcement, three mechanisms compete: interfacial debonding, multiple matrix fracture, and
direct crack propagation through the reinforcement. Decohesion length at the matrix/reinforcement
interface depends on the predominant mechanism. Furthermore, the results add to the evidence
that the extent to which interfacial bonding is conducive to toughness of the composites depends
on the criterion used to describe the toughness and that ductility of the ductile reinforcement is
also an important factor in controlling toughness of the composites. Loss of ductility of the:
ductile reinforcement due to inappropriate processing could result in little improvement in tough-

ness of the composites.

I. INTRODUCTION

THE interface between ratrix and reinforcements plays
an important role in the mechanical performance of com-
posites. It is commonly accepted that a relatively weak
interface is desirable for improving fracture toughness of
brittle materials reinforced by ceramic fibers.!*-*! The
reason for this is that such an interface when present in
the path of an advancing crack would fail locally and
blunt the crack. Otherwise, if the interface is strong, the
propagating crack is unlikely to “see”™ the fiber and little
improvement in toughness will be realized. This tough-
ening concept has become a dogma in design of brittle
materials to be reinforced by ceramic fibers. However,
when the reinforcement is a ductile fiber with a high
strain to failure, the requirement for the interfacial bond-
ing may be different. This is because occurrence of frac-
ture for the two different fibers is based on different
criteria. For a brittle fiber, the occurrence of fracture is
simply based on the magnitudes of the maximum tensile
stresses which are enhanced by the presence of stress
concentration. In contrast, since ductile fibers can yield
locally by dislocation slip and thus blunt the crack, the
fracture occurs only after exhaustion of ductility of the
fiber in the presence of triaxial stresses at the crack tip
(particularly in plane strain). As such, there may be dif-
ferent requirements for the interfaces in ductile-fiber-
reinforced brittle matrix composites.

The responsibility for the ductile phase toughening has
been attributed to bridging of intact ligaments of the duc-
tile phase behind the advancing crack tip.!*-'2 Bascd on
this mechanism, the increased toughness of the com-
posites in the case of small-scale bridging can be related

to the work of stretching and fracturing the ductile phases,
AG, by the following equation:'¢"

AG=V,I o(u) du [1]
(4]

where u is the crack opening, o(u) the nominal stress
on the ligament, u* the crack opening at the end of the
traction zone, and V, the area fraction of reinforcements
on the crack plane. It is clear that the increased tough-
ness depends on the stress-displacement function of the
ductile ligament, o(u), which in turn relies on the extent
of decohesion at the matrix/reinforcement interface and
can be determined independently using a simple tensile
test on a single constrained ductile reinforcement.!”-13-1¢!
These experiments indicated that a high work of rupture
of ductile reinforcements was encouraged by a partial
decohesion at the interface.!-1*-'31 Deve et al.,!"®! how-
cver, found that whether or not extensive decohesion was
desirable for a high work of rupture depended on the
work-hardening capability of the reinforcements, sug-
gesting that contributions of decohesion were compli-
cated and interdependent with other material properties.
Theoretical analysis of stress-displacement function, o(u),
has also been attempted. Numerical models!** showed
that partial decohesion was beneficial to a high work of
rupture, and therefore, a high toughness. Similar con-
clusions have also been drawn from analytical
models. 1747

In the present work, effects of interfacial coating and
decohesion on the toughness of ductile-phase-reinforced
brittle matrix composites were measured directly using
a four-point bend test on chevron-notched specimens rather
than measuring the stress-displacement function and de-
ducing the toughness increment via Eq. [1}. The com-
posite system selected for the investigation was laminated
MoSi; matrix reinforced with coated or uncoated Nb foils.
The composite system was selected, because MoSi, is




among the most promising candidates for high-temperature
structural applications. In addition, the two components
used have similar coefficients of thermal cxpansion, thus
minimizing-the residual thermal stresses and simplifying
the fracture toughness analysis. The use of Nb foil rather
than filaments allowed for the case of producing the
composites with controlled propertics, but it still served
the main purpose of the present study.

1. EXPERIMENTAL
A. Measurement of Fracture Toughness

Disc-shaped laminated composites were produccd by
hot pressing MoSi, powder (—325 mesh) with 20 vol pet
of coated or uncoated Nb foils at 1400 °C for | hour or
1700 °C for 40 minutes under a pressurc of 40 MPa. In
order to minimize residual thermal stresses, the hot-pressed
discs were held in the hot-pressing chamber at 800 °C
for 1 hour before cooling down to room temperature.
The thickness of the Nb foils was 0.25 mm. The inter-
face coatings were produced by depositing ALO, or ZrO,
to the Nb surface prior to the hot pressing or by the de-
velopment of a reaction product layer between the matrix
and reinforcement. Details of the coating procedures can
be found in Reference 18.

One way to evaluate the ductile phase toughening is
to generate a resistance curve (R-curve) of the compos-
ites, as done by Elliott et al.""" and Venkateswara Rao
et al.'"™ To generate this curve, however, the dimen-
sions of the specimens should be at least as large as the
bridging length. For the present model composites, based
on the equilibrium stress distribution across the crack face,
the bridging length has been estimated to be at lcast
50 mm.'"?" To avoid using such a large specimen, the
toughness of the present composites was mecasurcd by
four-point bending of chevron-notched specimens 12224
The samples had inner and outer spans of 10 and 20 mm,
respectively, and were tested using a  hydro-servo-
controlled MTS with a crosshead speed of 4 X
10™* mm/s. In order to prepare the chevron-notched
bending specimens, the hot-pressed discs were cut into
rectangular bars with dimensions of 3.81 x 508 X
25.4 mm. The notch on each sample was cut perpen-
dicular to the foil planc using a diamond wafering blade.
To investigate interactions between criacks and reinforce-
ments, some specimens were unloaded at various levels
of load during the bending tests. A cross scction per-
pendicular to the chevron notch of the unloaded speci-
mens was cut, polished, and examincd using scanning
electron microscopy (SEM) to measurc decohesion length
and the crack geometry and position,

The peak load of the bending tests was used to cal-
culate fracture toughness with the aid of the following
cquation;! !

P
Kmu = —= Yu*oiu |2|
BVW

where P, is the maximum test load, B and W the width
and height of the bending bar, respectivety, and Y5, the
minimum value of the dimensionless stress intensity fac-

tor coefficient as a function of relative crack length for
the particular specimen used. The present experiments
revealed that P,,. was reached when the crack was in-
side the chevron. However, because of the rising crack-
growth resistance for ductile-phase-toughened compos-
ites, P, and Y%, do not occur coincidentally at the same
crack length, and therefore, Pp,, docs not cxactly cor-
respond to the stress-intensity factor at failure but is a
good approximation to it.'?**2% Thus, the value calcu-
lated using Eq. [2] is called “damage tolerance™ in this
article and is designated as K, rather than K.

B. Inmterface Fracture Energy Measurement

The measurement of the fracture energy of matrix/
reinforcement interfaces was conducted on chevron-
notched short bars using the procedures recommended
in Reference 26. The technique involves determining the
critical stress intensity factor from the peak load of the
notched bars and then converting the critical stress in-
tensity factor to the fracture energy of the interface (bond
toughness of the interface). In the present study, how-
cver, a modified specimen geometry, as shown in
Figure 1, was used. An advantage of the present ge-
ometry is that there is no need for compliance calibration
due to symmetry of compliance of the specimen with
respect to the interface.

The short bar specimens were produced by hot press-
ing. The hot-pressing temperature and coating proce-
dures were the same as for preparing the composite
laminates mentioned in Section A. The Nb foils used for
the short bar specimens were 0.127 mm thick, and the
notch was cut parallel to the foil using a diamond wa-
fering blade with a thickness of 0.4 mm. The thickness
of the notch was chosen to be slightly larger than that
of the foil to insure that the initiation and propagation of
the crack were at the weakest positions among various
interfaces between matrix/coating/reinforcement.
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Fig. | —Short bar specimen geometry.




The fracture cnergy of the interface, G,y Was cal-
culated using the following equation:!?®!

2
- K Icsr

Gmn -
E

where E is the clastic modulus of MoSi, and K, is the
critical stress intensity factor determined from the peak
load of the short bar bending test.

3]

C. Tensile Tests on a Single
Constrained Reinforcement

A schematic of a tensile test specimen used to deter-
minc the crack behavior near the reinforcement is shown

" in Figure 2. The specimens, consisting of a single Nb

foil sandwiched between two MoSi, layers, were pro-
duced by hot pressing with the same processing condi-
tions as for the composite laminates and short bar
specimens. The straight-through notches on the MoSi,

matrix were introduced using a diamond wafering blade

with a thickness of 0.15 mm. The tensile specimens were
polished on both sides perpendicular to the Nb foil be-
fore testing. The specimens were unloaded at various
levels of load during testing and examined with SEM to
observe the interactions and behavior of ductile rein-
forcement at the near-tip region.

11I. RESULTS AND DISCUSSION
A. Fracture Energy of Interfaces

Microstructures of the matrix/reinforcement inter-
faces for the coated and uncoated foils are shown in
Figure 3. The thicknesses of Al,0, and ZrO, coatings
produced are about 5 and 25 um, respectively. For the
uncoated foils, as shown in Figure 3(a), the interaction
‘between the matrix and reinforcement causes formation
of (Mo, Nb)Si,, the thickness of which depends on the
compositing and anncaling conditions."™ For the coated
foils. no interaction between the composite constitucnts
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_ Fig. 2— Schematic of a composite Taminate tensile test specimen.

was observed. However, because of the diffusion of Si
through the coalings, a Nb,Si, layer was produced ncar
the surface of the foil. Therefore, as can be seen in the
figure, the coated foils contain three interfaces between
the matrix and reinforcement: MoSi,/coating/Nb,Si,/Nb;
whereas, the uncoated foils contain two interfaces: MoSi,/
(MO, Nh)\Si\/Nb.

When the hot-pressing temperature was 1400 °C, the
interfaces between the uncoated Nb and MoSi; became
MoSi,/(Nb, M0)Si,/Nb,Si,/Nb. Detailed mechanisms
of the interphase formation for the uncoated Nb/MoSi,
system at diffcrent temperatures are described in
Reference 27. Despite the different interfacial micro-
structures, mechanical behavior was observed to be the
same for the specimens hot-pressed at 1400 °C and
1700 °C. For the ZrQ, coated Nb, the same interfacial
microstructure was produced at both hot-pressing tem-
peratures. However, for the Al O, coated Nb, the coat-
ing bccame discontinuous when the  hot-pressing
temperature was 1700 °C. Such phenomenon has been
attributed to the Kirkendal shift caused by the extensive
Si diffusion across the coating.!'™

A typical load-displacement curve of the chevron-
notched short bar for a ZrO, coated Nb/MoSi; laminate
is shown in Figure 4. Some stable crack propagation has
been achieved, as indicated by the fluctuation in the curve
ncar the maximum load. Therefore, the maximum load
was uscd to calculate G, with the aid of Eq. [3]. The
corresponding fracture surface at the chevron crack is
also presented in Figure 4. By examining both fracture
surfaces of a broken sample with SEM and an cnergy-
dispersive spectrometer (EDS), the failure location at the
interface was determined. The measured fracture encr-
gies of interfaces and failure locations for the uncoated
and coated Nb/MoSi, composites are summarized in
Table 1. In the case of coated Nb systems, failure oc-
curred along the oxide/Nb,Si, interface or inside the oxide
coating. For the uncoated system, on the other hand, the
failurc was observed to take place inside MoSi, rather
than at the interfaces or inside the interphases formed,
indicating that the interfacial region has a higher tough-
ness than the matrix. Indeed, the value of G, of MoSi,
measured in the present study is 33.7 J/m?, and all the
measurcments conducted on MoSi,/uncoated Nb system
showed that fracture encrgices for failure of the notched
short bars were about 36.4 J/m? because the crack in
MoSi, failed to follow the chevron-notched plane strictly.
The data in Table [ also show that the [racture energy
of the interface has been reduced by the oxide coatings.
Furtherinore, the zirconia coating exhibits a lower {rac-
turc cnergy of the interface than the alumina. This is
attributed to the existence of residual tensile stresses in
the zirconia coating causcd by the thicker coating layer
and a higher cocfficient of thermal expansion of the zir-
conia than that of the matrix and reinforcement.

B. Behavior of Cracks at the Interface

Details of cracks impinging on Nb foils for uncoated
and coated composite systems are shown in Figure 5.
The micrographs were taken from the cross sections of

laminated composites unfoaded at about 20 pet of the

peak load of the composites during the four-point bend-




Fig. 3 — Interfacial microstructures of the laminated composites reinforced by (a) uncoated Nb, hot-pressed at 1700 °C; (b) Al,O, coated Nb,

hot-pressed at 1400 °C; and (c) ZrO, coated Nb, hot-pressed at 1700 °C.
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Fig. 4— A typical load-displacement curve of the chevron notched short bar for a ZrO, coated Nb/MoSi, laminate and the corresponding fracture

surface at the chevron crack.

ing tests. It is noted from the figures that debonding at
_ the interface does not occur when a crack approaches the
interface or just impinges on it for both uncoated and
coated reinforcement systems. Similar obscrvations were
“made from tensile tests on a single constrained Nb foil.
“This is not surprising, since all the fracturc cnergics of
the interfaces measured in the present study are higher
than 1/5 of the matrix fracturc encrgy. The observation
is consistent with an estimation madc by Cook and
Gordon."”™ They found that for an elliptical crack, an
interfacial fracture energy of 1/5 or less of the matrix

fracture encrgy would cause interfacial debonding in ad-
vance of the crack.

Figurc 6 shows a typical microstructurc of an uncoated
Nb tensile test specimen. A notch tip can be scen at the
left side of Figure 6(a), which shows that a crack ini-

" tiates at the notch tip and ends at the Nb foil. Figure 6(b)

is a closc-up of one of the crack tips in Figure 6(a). As
scen in the figure, the impingement of the crack on the
interface causcs local dislocation slip of the reinforce-
ment instead of interfacial failure, leading to the release
of the stress concentration. In addition, there are also

Table I. Fracture Energy of Interfaces in Conted and Uncoated Nbh/MoSi, Systems®

Processing

System Conditions

Fracture Encrpy
of Interface

Failure Location (Gromee /M)

MoSi,/uncoated Mb
MoSi,/Al,0; coated Nb
MoSi;/ZrO,; coated Nb

1400 °C

1400 °C and 1700 °C

1400 °C and 1700 °C

inside the MoSi, >337+ 14
ALOL/NB,SH, interface . 16.1 = 1.3
ZrQ,/Nb,Si, interfuce 128 = 1.0

or inside the ZrQ,

*Four specimens for each condition were tested.
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f'ig_. 5 — Optical microstructures of composite lsminates showing that cracks end at the front of the reinforcement without causing interfacial
debonding. (a) Uncoated Nb, (b) Al,O, coated Nb, and (¢) ZrO, coated Nb reinforced composites.

multiple cracks at the interface which add to relaxation
of tip stress intensity and cffectively enlarge the initial
plastic zonc in the ductile phasc. The result shows that
_interfacial faiture is not the only mechanism of blunting
cracks in the case of ductile reinforcements. The slip ca-
pability of ductile reinforcement can play an important
rofe, as will be discussed further in the following sections.
A pgeneral view of the cross section of a composite
laminate reinforced with 20 vol pct of uncoated Nb lam-
inae unloaded at about 20 pct of the peak load is shown
in Figure 7. As scen in'the figure, the crack propagation
is discontinuous in nature, i.e., after a crack stops at one
side of a Nb lamina in the laminated composites, its
propagation is accomplished by renucleation of another
crack at the other side. Also, around a load level of
20 pct of the peak load, the crack has already propagated
throughout the entire thickness of the matrix. Beyond
this level, the load is carried exclusively by Nb laminac.
Owing to the extensive cracking of the matrix at a load
level considcrably below the peak load of the composite,
the value calculated from the peak load of a bending test
on the chevron-notched specimen using Eq. [2] was ac-
tually a reflection of the bridging capability of the ductile
phases and was interpreted as an indicator of the damage
tolerance of the composite.!*”!

C. Debonding, Multiple Matrix Fracture, and Direct
Crack Propagation through the Reinforcement

As load continues to increase during the tensile tests
after the cracks have impinged on the Nb foil, debonding
at the interfaces and/or multiple fracture of the matrix
near the inferfaces occur due to a relatively large lateral
deformation of the Nb reinforcement compared to the
matrix and load transfer from the matrix to the rcinforce-
ment. Typical features of dcbonding at the interface and
multiple fracture of the matrix near the interface for the
coated and uncoated specimens are shown in Figure 8.
It is noted that interfacial debonding has occurred at the
oxide coated systems (Figure 8(a)) as contrasted with
multiple matrix fracturc ncar the interface for the un-
coated systems (Figure 8(b)). This is in agrcement with
the interface fracture encrgy mcasurcment, since the
interfaces in the uncoated composites have a higher frac-
ture energy than the matrix; as such, the matrix is ex-
pected to fail more casily than the interfaces in these
composites. On the other hand, for the oxide coated

composites, the fracture cnergy of the interfaces is lower
than the fracture energy of the matrix. Thus, interfacial
debonding prevailed in these composites. Similar results
were also obscrved in a related study on bending tests
of chevron-notched composite laminates, ™! which showed
that debonding at the interfaces prevailed in the Al O,
coated Nb composites while multiple matrix fracture
dominated in the uncoated Nb composites.

Both interfacial debonding and multiple matrix frac-
ture create a “gage length” at the matrix/reinforcement
interface which is a region virtually free from constraints
of the matrix and is called “decohesion length” in the

‘text. Measurement of the decohesion length was con-

ducted for laminated composites, and the results are shown
in Table I1. Since the decohesion length of the laminated
composites varies with load and position of the rein-
forcement, the values reported in Table II are measured
at the peak load and for the sccond foil from the notch
tip. Microhardness of the Nb reinforcements after hot
pressing is also included in Table II to show how hard-
ness of the Nb foils was effected by the processing con-
ditions. Little change in microhardness across the whole
Nb foil was observed so that the microhardness was taken
as a constant for each specific condition. The results for
the specimens hot-préssed at 1400 °C show that the lower

‘the fracture energy of the interface, the longer the de-

cohesion length. This is the result we would expect, since
lower interfacial fracture encrgy means lower resistance
to interfacial decohesion. However, in the case of ZrO,
coated systems, when hot-pressing tcmperature is in-
creased to 1700 °C, the decohesion length becomes neg-
ligible in contrast with the gencral trend exhibited by the
composites processed at lower temperatures. Figure 9
shows two typical load-displacement curves of bending
tests on ZrO, coated Nb/MoSi, laminated composites
hot-pressed at 1400 °C and 1700 °C. It is noted that frac-
ture toughness of the composites is reduced and the fail-
ure becomes catastrophic when hot-pressing temperature
changes from 1400 °C to 1700 °C. Observation of frac-
ture surfaces also shows a change of fracture modes from
quasi-cleavage to cleavage, as shown in Figure 10. As
indicated in Table 11, microhardness of the Nb foils in-
crcases from 131 to 236 as the processing temperature
is increased, indicating an increase in the slip resistance
of the Nb foils. The embrittlement of Nb is probably due
to the diffusion of interstitial oxygen into the foils at higher
processing temperitures from the decomposition of ZrO,.




>~y

Fig. 6— An cdge view of a unloaded tensile test specimen. (a) A general view of the cracks and (b) 3 closc-up of the crack tips showing
dislocation slip of the Nb at the crack tips.

Fig. T— A cross scction of a laminated composite reinforced by 20 vol pet of uncoated Nb foils showing the characteristics of crack propagation
in the compaosites.
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Fig. 8— An edge view of tensile tested specimens. (@) Debuoding at the interfuce in u specimen with ALO, coated Nb. (») Multiple matrix
fracture ncar the interface in a specimen with uncoated Nb.




‘Fable 1. Decohesion Length and Microhardness Mensured from the Laminated
Composites Reinforced with 20 Vol Pct of Nb Foils with a Thickness of 0.25 mm*

Composite Systcm Uncoated Nb

A1,0, Coatcd Nb 210, Couted Nb

Hot-pressing temperature 1700 °C 1400 °C 1400 °C 1400 °C 1700 °C
Decohcesion length (mm) 0.75 = 0.08 0.76 * 0.06 0.80 £ 0.12 1.00 + 0.23 0
Vickers hardness (kg/mm’) 145 IRy 134 131 236

*Four specimens for cach condition were tested except for ALO, coated Nb system for which eight specimens were tested.
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Fig. 9-— Typical load-displacement curves of bending tests on chev-
ron notched composite laminates reinforced by 70, coated Nb foils.

Loss of ductility of the foil leads to little latcral defor-
mation of the Nb and resultant transverse stresses and,
therefore, results in ncgligible decohesion length. To
support this inference, tensile tests on single constrained
reinforcement specimens were conducted and the results
showed that whenever Vickers hardness of uncoated Nb
foils increased to about 200 by controlling hot-pressing
conditions, fracture mode was always by cleavage even
if the notches were cut dircctly into the Nb foils. This
result shows clearly that brittle fracture of the Nb foils
is due to embrittlement of the foils.

From the previous-discussion, it can be summarized

that as a crack approaches the ductile reinforcements in
these systems, there cxist three competitive mechanisms:
interfacial debonding, multiple matrix fracture, and di-
rect crack propagation through the ductile reinforce-
ment. Figure 11 shows schematically these interactions.
In the case of high ductility of the reinforcement, the
crack is blunted by local disloeation slip of the ductile
phase. The present experiments showed that extensive
debonding did not occur at the carly stage of the crack/
ductile phase interaction, so that the interaction could be
approximated as the case of no debonding at this stage.
Thus. to fail the ductile reinforcement, a much higher
tensile stress has to be applicd which increases shear
stresses at the interface duc to load transfer and trans-
verse stresses causcd by the difference between lateral
displacements of the matrix and reinforcement. Both shear
and transverse stresses enhance interfacial debonding and/
or multiple matrix fracturc. Thus, whether interfacial de-
bonding or multiplc matrix fracture prcdominates de-
pends on the values of the fracture energics of the matrix
and interfacc. On the other hand, for the case of low
ductility of the rcinforcements, the crack can relatively
easily propagate through the reinforcement before oc-
currence of the interfacial debonding or multiple matrix
fracture. The dccohesion length, which results from the
competition of the three above-mentioned mechanisms,
is controlled by a combination of threce matcrial prop-
erties: interface fracturc cnergy, toughness of the matrix,
and slip capability of the reinforccment. )

D. Fracture Toughness of the Laminated Composites

Typical load-displacement curves of bending tests on
chevron-notched composite faminates  hot-pressed  at

Fig. 10— Fracture surfaces of the Nb foils in composite laminates reinforced by ZrQ), comted Nb: (a) hot-pressed at 1400 °C for 1 hour and

(b) hot-pressed at 1700 °C for 40 min.
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Fig. 11 — Schematic of the three competitive mechanisins at the inter-

face. Conditions for the process to dominate shown in (a) are high
toughness reinforcement and weak interface, (b) are high toughness
reinforcement and strong interface, (¢) are low toughness reinforce-
ment and strong or weak interface.

1400 °C are shown in Figure 12. There are two promi-
nent features in the figure: (1) uncoated Nb reinforced
composites exhibit the highest
(2) mechanical behaviors of ZrO, and Al O, coated sys-
tems are similar, both of them showing an increase in
the carried load in the last part of the displacement curves.
The latter observation is caused by the extensive delam-
ination at the interface, and correspondingly, more ni-
obium participates in deformation and deforms under much
less constrained condition. Because of this feature, the
total energy consumed to break a specimen (area under
the curve) for the coated composites is larger than that
" to break the uncoated ones. The work of fracture, de-
fined as the total encrgy normalized with respect to the
generated crack area,'™ for the various composites is
presented in Table I1l. As seen in the table, the coated
composites show the higher work of fracture, indicating
that the low interfacial fracture cnergy and, thus, long
decohesion length are beneficial to improving the tough-
ness of the composite. This result is consistent with
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Fig. 12— Typical foad-displacement curves of bending tests on chev-
ron notched faminates reinforced by 20 vol pet of coated and uncoated
Nb foils, hot-pressed at 1400 *C for | howr.

peak load and.

predictions based on the numerical and analytical
studies. %791

However, damage tolerance determined from the peak
load of the chevron-notched specimens shows an op-
posite trend. The damage tolerance determined in this
way is also included in Table 1. The data show that
uncoated Nb reinforced composites exhibit the highest
damage tolerance, followed by Al,O, coated and then
Z10, coated composites. This sequence is parallel to the
decrease in the interfacial fracture encrgy of the com-
posites; that is, the higher the interfacial fracture energy,
the higher the damage tolerance of the composites.

The data in Table 111 also indicate that loss of ductility
of the ZrO,-coated Nb foils hot-pressed at 1700 °C re-
sults in a large drop of toughness of the laminated com-
positcs. Therefore, the damage tolerance data suggest that
a high degrec of constraints is conducive to toughness
as long as the ductile reinforcement has a high slip ca-
pability. When the reinforcement does not have the slip
capability, as in the case of ZrO, coated composites pro-
cessed at 1700 °C, decreasing the constraint (i.e., in-
creasing the gage length by decreasing the interfacial
bonding) is more beneficial to improving the toughness.

In summary, the rcsults from the bend test of chevron-
notched specimens indicate that the role of the interface
for ductile reinforcement and debonding in the toughness
depends on the criterion used to describe the toughness
of the composites. If the peak load of the chevron-notched
specimen is used as an indicator of the toughness, a strong
bonding and, therefore, a high degree of constraints,
would be desirable. On the other hand, if the total en-
ergy consumed to break a specimen is used as indicative
of that specimen’s toughness, then a relatively weak
bonding is required.

The aforementioned dual effects of interfacial prop-
erties on the toughness of the composites are further sup-
ported using the data obtained from the simple tensile
test on a single constraincd Nb foil. Representative stress-
displacement curves for 0.5-mm-thick Nb lamina arc
shown in Figure 13, and the corresponding decohesion
lengths with different coating conditions for different sizes
of Nb laminae are summarized in Table IV. It is noted
that the area under the stress-displacement curve, called
“work of rupture of the constrained ductile phase,” in-
creases with increasing decohesion length. As given by
Eq. [1], the steady state toughness of the composites is
proportional to the work of rupture of the constrained
ductile phasc. Thus, increasing decohesion length is

conducive to improving steady state toughness of the

composites, a trend also shown by the work of fracture
measured from chevron-notched specimens (Table 1.
Figure 13, at the same time, also reveals that the max-
imum stress reached by the constrained Nb decreases with
increasing decohesion length, a trend similar to that ex-
hibited by the damage tolerance measured from the
chevron-notched specimens. These apparently different

roles of the interface can be explained by relating the

maximum stress rcached by the constrained ductile phascs
to the crack propagation resistance in the case of large-
scale bridging (i.e, crack length is at the same order of
magnitude as bridging length), as observed in the present
composiles (Figurc 7). A recent calculation based on the
equilibrium stress distributions across the crack face?!




Table 11I. Mensured Toughness of the Laminated Composites
Reinforced with 20 Vol Pct of Nb Folls with a Thickness of 0.25 mm*

Monolithic

Uncoated Nb A0, Coated Zr0, Coated 2r0, Coated
Materiaf MoSi, Reinforced Nb Reinforced Nb Reinforced Nb Rcinforced

Hot-pressing 1700 °C 1700 °C 1400 °C 1400 °C 1700 °C

temperature and 1400 °C
Damage tolerance

(MPa-m'?) 33+03 152+ 1.3 140 = 1.5 128 1.5 86*13
Work of fracture

(J/m’) 690 = 30 21,600 = 3000 28,700 = 1900 28,700 = 4600 2800 + 300
Interfacial

fracture encrgy®® —_ high medium low low
Ductility of the

reinforcement*® — high high high low

*Four specimens for cach condition werc tested except for AlLQO, coated Nb system for which eight specimens were tested.

**For details, see Tables 1 and Il.
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Fig. 13— Effect of the coatings on the stress-displacement curves,
measured {rom tensile test on the single constrained Nb lamina (thick-
ness of the Nb laminac = 0.5 mm).

indicates that the maximum crack propagation resistance
of the composites increases with incrcasing decohesion
length. However, the maximum crack propagation re-
sistance is achieved only after the crack has propagated
extensively. At the small crack size, the composites with
less decohesion show a higher crack propagation fesis-
‘tance ‘than their counterparts with more decohesion.
Therefore, it seems that the choice of weak or strong
interface in describing fracture behavior of ductile-phasc-
toughened composites depends on the criterion used to
describe the toughness of the composites.

VI. SUMMARY AND CONCLUSIONS

The present sct of experiments clarifies the role a
matrix/reinforcement interface plays in brittle materials
toughened by ductile reinforcements. It has been dis-
closed that influence of interfaces on fracture toughness
of brittle matrix/ductile reinforcement composites is not
as crucial as in brittle matrix/ceramic fiber composites
due o the local dislocation slip of ductile phase at the
crack tip. Furthermore, it has becn established that as a
crack impinges a reinforcement, there exist three com-
petitive mechanisms: interfacial debonding. multiple
matrix fracture, and direct crack propagation through the
reinforcement. The mechanism that prevails is decided
not only by fracture energies of the intcrface and tough-
ness of the matrix but also by the slip capability of the
ductile reinforcement. Decohesion length at the matrix/
reinforcement interface is a result of the competition. In
the case of high slip capability of the reinforcements, the
higher the fracture energy of interfaces, the shorter the
decohesion length.

The toughness measurement has revealed that whether
or not a strong interfacial bonding is conducive to tough-
ness depends on the criterion used to describe the
toughness of the composites. If the peak load of the
chevron-notched specimen is used as an indicator of
the toughness, a strong bonding would be desirable. On
the other hand, if the work of fracturc is used as indic-
ative of its toughness, then a relatively weak bonding is
required. Ductility of the ductile reinforcement is also
an important factor in controlling toughness of the com-
posites. It has been demonstrated that loss of ductility of

Table IV. Decohesion Length Measured from Single Constrained
Nb Folt Specimens (Hot-Pressed at 1400 *C, 40 MPa for | Hour)*

Thickness of

Nb Foil (mm) 1.0 0.5 0.25
Processing uncoated ALO, ), uncoated AlLO, 710, uncoated AlLO, YALO N
condition conted coated coated couted coaled coated
Decohesion 1035 decohesion 29 04 3.3 * 0.4 decohesion 0.86 £ 0.09 094 £ 023 1.30 £ 0.61
length (mm) ail the way all the way
to the grips to the grips

LJ H ™ H . . il .
Four specimens for each condition were tested except for 0.5 mm-thick Nb foils for which cight specimens were tested.




the ductile reinforcement during processing could result

in

little improvement in toughness of the composites.
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MICROSTRUCTURE AND PROPERTIES OF MOSIyNB INTERFACES WITH AND
WITHOUT ALUMINA COATING

L. Xiao and R. Abbaschian
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FL 32611

ABSTRACT

This study explores the relations between processing routes, microstructures and
mechanical propertics of the matrix/reinforcement interfaces in MoSiz/Nb composites. It was
~found that the fracture energy of the interfacial region depended on the interfacial bond
“strength, roughness of interface, and the nature of the interfacial compounds. The fracture

energy between the oxide coating and intermetallic interfacial compounds was found to be
lower than that between two intermetallics or between Nb and an intermetallic. Processing
routes were found to affect the fracture energy of the interfacial region by changing interphase
formation, changing microstructure of materials adjacent to the interface, or changing
roughness of interface.

INTRODUCTION

It is commonly accepted that a relatively weak interface is desirable for improving
fracture toughness of ceramics and intermetallics reinforced by ceramic fibers [1-4]. The reason
for this is that such an interface when present in the path of an advancing crack would fail
locally and blunt the crack. A relatively weak interface is also beneficial to fracture toughness
of polymer-matrix composites. An example is provided by Harris et al. [S], who used different

- fiber surface treatments to change the bond strength of the interface in carbon fiber-reinforced
polyester composites, and demonstrated that higher fracture energy was achieved in the case of
the weakest interface, resulting from greater pullout length of the carbon fibers. Similar results
are found in carbon fiber-reinforced epoxies [6] and a boron epoxy composite (7). Metal-
matrix composites also exhibit a strong dependence of toughness on the fiber-matrix
debonding, as exemplified by tungsten wire-reinforced aluminum composites (8]. In this case,
the toughness is proportional to the energy to break the debonded fibers.

' The above examples show that debonding at the interface play an important role in the
mechanical performance of composites. A recent study [9) has shown that debonding length in
the composites depends strongly on the fracture energy of the matrix/reinforcement interface.
The latter is expected to be affected by various factors, such as the extent of chemical
interaction at the interface, roughness of interface, dissipation of strain energy by ductile
reinforcements, thermal expansion mismatch, and bond strength of the interface. Therefore,
parameters affecting interfacial fracture energy must be evaluated and understood in order to
control the mechanical behavior of interfaces in composites. In the Fmscnt study, the relations
between processing routes, microstructures and fracture energy of the matrix/reinforcement
interfaces in MoSiz/Nb composites were explored. The composites were fabricated by hot
pressing MoSi; powder with Al;03 coated or uncoated Nb reinforcement. Deposition of the

- oxide coating on' Nb was achieved via different processing routes, i. e., sol-gel coating
technique, physical vapor deposition and hot dipping Nb in a molten Al bath, followed by an
anodizing process to torm Al203. Interfacial fracture energy was evaluated using chevron-
notched-short-bar specimens. Variation in the fracture energy of the interfacial region is
discussed in terms of the microstructures and types of the interfacial bonding.

EXPERIMENTAL
Coating Techni

The sol solution for the sol-gel coating was an aluminum-alkoxide-derived sol (using
aluminum-sec-butoxide (ASB)), hydrolyzed in excess water and peptized with aluminum




nitrate, AI(NO3)3. The procedures for preparing the sol solution developed by Clark et al. [10]
were used. The Al03 coating was produced by electrophoretic deposition on to the Nb foils.
Once the coating was applicd, the coated Nb foils were suspended vertically for 48 hrs at the

ambient tempcerature, and then further dried in a fumace at S000C for 1 hr with a heating rate of

30C/min before the hot pressing.

Physical vapor deposition of Al203 on to Nb foils was conducted using Thermionics
100-0030 with a clcctron beam heated source. The emission current was 200 mA with a
potential difference between the cathode and the anode being 3 KV. The resulting deposition

rate was 10 &/scc. The thickness of the Al203 deposit in the present study was | um.
The hot dipping and anodizing technique for the formation of Al203 coating consisted
of the following steps. First, Nb foils were hot dipped into a molten aluminum bath for 2
minutes which was kept at a temperature of 9300C. Second, the hot dipped Nb foils was
“anodized in an clectrolyte containing 5 wt.% of sulfuric acid to convert the aluminum into
alumina. The anodizing was conducted at ambient temperature, and a constant DC volta§c
ranging from 10 to 20 volts was applied to produce current densities ranging from 5 to 25

‘mA/cm2. Anodizing time was 30 minutes. More detailed description of the coating techniques
can be found elsewhere [11).

E! 0y . [l . C .

The test specimens were three layer composites with the coated or uncoated Nb foil
sandwiched in betwcen two layers of MoSiz. The thickness of the Nb foils used was 0.127
mm. The specimens were prepared by stacking the coated or uncoated Nb foil with two layers
of commercially pure MoSiz powder of -325 mesh and then vacuum hot pressing at 14000C
for 1 hr with a pressure of 4(? MPa. In order to minimize residual thermal stresses, the hot
pressed discs were held in the hot pressing chamber at 8000C for 1 hour before cooling down
to room temperature. The discs were then cut into rectangular short bar with dimensions of
8.28x9.25x14.29 mm to prepare the specimens for the measurement of interfacial fracture

energy.
f rfacial ire En

The measurement of the interfacial fracture energy was conducted on chevron notched
short bars using the procedures recommended in reference [12]. The technique involves
determining the critical stress intensity factor from the peak load of the notched bars and then
converting the critical stress intensity factor to the fracture energy of the interface. The equation
used to calculate the fracture energy of the interface, Gyc, is {12]

2
Gy = KicsR )
MoSis ICS—F e

where E is the elastic modulus of MoSiz
and Kjcsr is the critical stress intensity
factor determined from the peak load of
Nb  theshort bar test.
toll In the present study, however, a
modified specimen geometry, as shown
in Fig. 1, was used. An advantage of the
present geometry is that there is no need
for compliance calibration due to
symmetry of compliance of the specimen
with respect to the interface. The notch in
the short bar was cut parallel to the foil
using a diampnd wafering blade with a
thickness of 0.4 mm. The thickness of
' the notch was chosen to be slightly larger
Fig. 1 Short bar specimen geometry than that of the foil to insurc that the
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Fig. 2 Interfacial Microstructures of MoSiz/Nb laminate composites with different processing conditions.
(a) uncoated Nb, (b) PVD coated Nb, (c) sol-gel coated Nb, and (d) hot-dipping-and-anodizing coated Nb.

initiation and propagation of the crack is at the weakest position among various interfaces
between matrix/coating/reinforcement. The specimen was loaded at a constant test machine
crosshead speed of 0.005 in/min using a hydro-servo controlled MTS. The load was recorded
as a function of the crosshead displacement.

RESULTS

Interfacial microstructures of MoSiy/Nb laminate composites with different processing
conditions are shown in Fig. 2. The detailed mechanism for the formation of the interfacial
compounds (interphases) between MoSiz and Nb and the effect of the coatings on the
interphase formation can be found elsewhere {11,13,14]. Extensive interphase formation was
observed in MoSiz/uncoated Nb composites, resulting in the formation of intermetallics of
(Nb,M0)Si; and NbsSi3. When the Al;03 coating was applied, cither the thickness of the
interphases was reduced or the composition of the interphase was changed (Fig. 2d). Such
chaniges have been attributed to the the retardation of Si diffusion and the suppression of Mo
and Nb interdiffusion acrogs the coatings [14].

A typical load displacement curve of the hot-dipping-and-anodizing coated Nb/MoSi;
laminate and the corresponding fracture surface at the chevron crack are shown in Fig. 3. A
stable crack propagation has been achieved, as indicated by the fluctuation in the curve near the
maximum load. Therefore, the maximum load was used to calculate Gic with the aid of
eq. (1). By examining the two fracture surfaces of a broken short bar with SEM and EMP, the
failure location at the interface could be determined. Depending on the processing conditions,
the crack propagates along an interface in some cases, or by kinking between two interfaces, or
only inside MoSi, matrix in other cases. Owing to this feature, the measured fracture energy of
interface using the notched short bar has been referred to as fracture energy of the interfacial
region of the laminates. The measured fracture energies of the interfacial region and failure
locations for laminate composites with different processing conditions are summarized in




Load, b
8

N L\/\‘
0
0 0.042 0.084 0.126

Displacement, mm

15KV X10 8198 1600.0V UFHSE

13XV X10 0495 1000 OU UFRSE

_Fig.3 A typical load displacement curve of the hot-dipping-and-anodizing coated Nb/MoSis laminate and the
corresponding fracture surfaces at the chevron crack.

Table 1. For comparison, fracture energy for MoSij alone is also included in the table.

~ In the case of the hot-dipping-and-anodizing, the failure of the laminate occurred mainly
along the Al203/NbSij interface. A small portion of the failure also occurred in the NbsSi3
phase, as shown in Fig. 3, which was probably due to the discontinuity of the oxide coating
generated during the anodizing process and/or the roughness of the interface. Similar fracture

.. surface was observed for the sol-gel coated Nb/MoSis laminate. Correspondingly, the

specimens using the two coating techniques mentioned above exhibited a similar fracture
. energy of the interfacial region. By changing the sol-gel processing control parameters, the
interphase formed can be limited to be only one phase, i. ¢., NbsSi3, instead of (Nb,Mo)Sia
and NbsSi3 (11,13]. However, the measured fracture energy of the interfacial region in this
cas¢ is the same as Al203/(Nb,Mo)Sij interface, as shown in Table 1.

Quite different fracture surface was observed for the PVD coated specimens. As shown
in Fig. 4, failure location in this casc was partially in MoSi and partially at the interface of

Table 1. Fracture energy and failure location of the interfacial region in the coated and

uncoated Nb/MoSij systems
Systcm Failure location Toughness, Gic, J/m2
| MoS13 alone - 33.7+ 14
MoJdig/uncoated Nb ' inside the MoSiy >33.7
oS1y/sol-gel coated Nb Al,03/(Nb,Mo)S17 intertace 16.1+£ 1.3
' or Al O/NbsSi interface
MoSi/hot-dipping-and- Al03/NbS13 interface 155t 1.6
anodizing coated Nb :
’ partially inside the MoStz and | .
MoSi»PVD coated Nb pamr'?lly at Al203/(Nb,Mo)Siz 31.7+£ 34
interface
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Fig.4 Fracture surfacc at the chevron crack of a Fig. 5 An cnlarged fracturc surface of the tip arca in
PVD coated Nb/MoSi specimen Fig. 4. -

A1,0/(Nb,Mo)Siz. This is believed to be due to the small and frequent discontinuity of the
oxide coating (Fig. 2b) caused by the prescnce of the SiO7 and free Si in the commercially pure
MoSi; powder, as shown in Fig. 2(a) and reported in elsewhere [15,16). Because of such
small and frcquent discontinuity of the coating, the fracture resistance along the
AL O3/(Nb,Mo)Si7 interface has been increased. Combining the effcct of the roughness of the
interface (Fig. 2b), crack is unable to propagate along the Al203/(Nb,Mo)Siy interface, but
have 10 kink between the interface and MoSi7 matrix to obtain crack propagation with minimum
energy consumption. '

For the uncoated Nb/MoSi, laminates, the failure was observed to take place inside
MoSis rather than at the interfaces, indicating that the interfacial region has a higher fracture
energy than the matrix. The fracture energy of MoSiy measured in the present study is
33.7 J/m2. Thus; the fracture energy of the interfacial region in uncoated Nb/MoSi; laminates
must be higher than this value. Indeed, all the measurements conducted on uncoated Nb/MoSi2
laminates were about 36.4 J/m2 because the crack in MoSiz failed to follow the chevron
notched plane strictly.

DISCUSSION

Various interphases were formed in the present study duc to the diffusion of Si, Mo
and/or Nb through the coating. The thickness and the nature of the intcrphases were found to
depend on the processing temperature and time [13,14]. Because of the presence of the various
interphases, the interfaces at the interfacial region have been divided into three categories, s
shown in Table 2. Category I consists of an interface (bonding) between the oxide coating and
intermetallics. Category Il is composed of a bond between two intermetallics. Category 1l is

“the interfaces which have a bond between a metal and an intermetallic. Because of the
interaction, no direct bonding between oxide and metal was observed. By examining the failure
locations and fracture energy of the interfacial region measured, the fracture energy for the
interfuces present in this study can be estimated and summarized in Table 2.

It is noted that fracture energy for the oxide bond, category 1, is lower than the bonds
between intermetallics or between a metal and an_ intermictallic (categories 18 and 1H). Tt isata
fevel of 16 J/m? in the present instance, which is even lower than the fracture energy of the
alumina itsell (~ 20-40 J/m2). The low fracture energy of the oxide bond is attributed to the
low bond strength between alumina and silicides involved. As concluded by Sutton and
Feingold [17], the bond strength between oxide and other materials is directly related to the
amount of interaction between the two muterials, and the free energy of formation of the other
materials’ oxide is an important criterion in determining the interaction. Weak bonding will
form when the conditions are unfavorable for the formation of other uxides. In the present
case, elemental Mo, Nb and Si have a lower free energy of formation of their oxides in
comparison with Al203 [ 18]. As such, formation of silica, niobium and molybdenum oxides,




directly or by decomposition of MoSiy, is
Table 2. Fracture encrgy of the interfaces unfavorable in terms of free energy change.
Therefore, it is expected that the reactivity of

System (category) Gjc, J/m? the silicides with alumina would be very low,

MoSi; 3117 resulting in a low bond strength. On the
ALOYING Mo, () =18 otherhand, if the free energy of formation is
Al O}be§i 0 =16 more favorable for forming other oxides
AIZU T Sz' i g1 instead of alumina, strong bond may form. An

20¥/NbsSi3 Q) = example is given by the work of Dalgleish et al.

ALOyMoSip 0] >167 {19]. They found that crack always initiated in

MoSip/(Nb,Mo)St _ (I) 233.7 | the alumina adjacent 1o the interface of a Al-Mg
NbsSi3/(Nb, Mo)Si; (Il 233.7 | alloy bonded to an alumina. High bond

Nbs513/Nb (IIh 2337 strength in this case can be attributed to a much

more negative {ree energy of formation for
: MgO than that of AlLO3.

Moreover, the fracture encrgy of category I interface was found to be insensitive to the
change in the composition of the silicides, as shown in Table 2. This is probably due to the
similarity of Nb and Mo in their atomic structures. If this is true, Al203/MoSis interface should
. show similar fracture energy. However, no failure at Al203/MoSij interface was observed in

the present study. As shown in Fig. 2(c) and (d), one major difference of Al203/MoSi2
interface from the AlO3/NbSiz and Al,03/(Nb,Mo)Si; interfaces is that the former is roughcr
than the latter. Such roughness of the interface can increasc fracture resistance by the
mechanism of interlocking and crack deflection. Thus, Al03/MoSi; interface shows a higher
fracture resistance than Al203/NbSi; and Al;03/(Nb,Mo)Si3 interfaces, although their bond
strengths: may be similar.

Category Il and Il interfaces all exhibit higher fracture resistance than MoSiz matrix,
indicating the bond strength between two intermetallics or between a metal and an intenmetallic
is high. In this case, crack was obscrved to propagate inside the MoSiy matrix instead of inside
the interphases formed. However, this does not necessarily mean that MoSiy has a lower
inherent fracture resistance than that of the interphases, (Nb,Mo)Siz and NbsSis. It is believed
that the low apparent fracture resistance of MoSi; in the present instance is partially related to
the high porosity and SiO7 in MoSij adjacent to the interface, as shown in Fig. 2(a). High
porosity is due to the fast diffusion of Si into Nb and segregation of vacancy onto the opening

_channel of MoSiz powder compact. In contrast, the interphases formed are very densc, as

shown in Fig. 2. Because the porcs distribute along the grain boundary of MoSiy, it is
expected that crack would propagate along the grain boundary and an intergranular (racture
results. Indeed, this is confirmed by SEM obscrvation. Fig. 5 shows an enlarged fracture
surface of the tip arca in Fig. 4. Similar intergranular fracture was observed in MoSis
specimens, consistent with the report by Kaufman et al. [15). Therefore, low apparent fracture
resistance of MoSij is partially caused by the presence of porosity and SiO3.

Different processing routes have shown little effect on the fracture energy of the
interfacial region as long as the oxide coating is thick enough to prevent the breakdown of the
coating by the attack of SiO; and free Si. Fracture encrgies for the interfacial region generated
by sol-gel technique and the hot-dipping-and-anodizing technique are similar because a thick
and continuous couting has been formed in general by thiese two techniques. The results
indicate that bond strength merely depends on chemical bonding rather than on a long range
interaction force. For the PVD coated luminates, a frequent discontinuity in the coating results
in a partial oxide bond und a partial intermetallic bond interface, leading to an increase in
fructure resistance of the interfucial region.

CONCLUDING REMARKS

‘The present set of experiments have demonstrated that fracture energy of an interfacial
region depends on the interfacial bond strength, roughness of interface and microstructure of
the two component materials at the interface. Weak bond strength leads to o low interfacial
fracture energy. Roughness of the interface increnses the interfacial fracture energy. Porosity in
one of the two component materials at the interface could lead to a low fracture energy of the
interfacial region due to the crack propagation stong the weak path in one of the component
materials instead of along the interface. Processing routes can affect fracture encrgy of the




interfacial region by changing intcrphase formation, changing roughness of interface, or by
changing microstructure of materials adjacent to the interface. However, if such changes have
not been brought out during processing, there will be little effect of processing routes on
fracture encrgy of the interfacial region.
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ABSTRACT

Substantial toughening of intermetallics and
ceramics by ductile reinforcements has been
established. To evaluate the toughening by ductile
reinforcements, it is necessary to know the stress-
displacement curve of the ductile phase constrained
by the brittle matrix. In the present study, tensile

tésts involving the specimen with a ductile
" reinforcement imbedded in the notched brittle
matrix have been used. Effects of experimental
variables, notch geometry in the vicinity of the
_ductile phase, depth of the notches and size of
ductile reinforcement, on the measured stress-
displacement curves have been evaluated. The
experimental results showed that these variables
~ played important roles in the stress-displacement
curves. The results are analyzed using theory of
notch stresses and finite element method. A
formula to estimate these cffects of the variables
has been put forward.

I. INTRODUCTION

It has been established that substantial toughening
of brittle matrices can be achieved by incorporating
ductile reinforcements (1-9}. The primary

mechanism responsible for the enhanced
toughness has been attributed to be bridging by
intact ligaments of the ductile phase behind the
advancing crack tip [(10-14]. The physical
mechanism of toughening by intact ligaments of
the ductile phase is straightforward. If ductile
ligaments span the advancing crack, they must
stretch as the crack opens until they fracture or
decohere. The work of stretching contributes to the
toughness of the composite and the increased
fracture toughness of the composite can be obtained
directly from the J-integral around the traction zone
as {11,12)

AG = V,I “o(u) du

where u is the crack opening, o(u) the nominal
stress on the ligament, u* the crack opening at the
end of the traction zone and V is the area fraction

of reinforcements on the crack plane. Once o(u) as a
function of crack opening is known, the increase in
toughness of the coinposite can be evaluated
through eq. (1).

Recognizing that a(u) is different from that
measured in a simple tensile lest, several
investigators [15-17] have used a test pracedure to
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Fig. 1 (a) Schematic of a composite laminate test specimen;
(b) Schematic of a composite cylinder test specimen.

evaluate o(u). The test procedure is based on the
concept that the stress-displacement relationship
obtained from one ductile reinforcement imbedded
in a brittle matrix can be used to describe the
mechanical characteristics of the reinforcements in
the composites. The basic test specimen consists of
one ductile filament or foil imbedded in a
precracked brittle matrix, as shown in Fig. 1, and a

tensile test is conducted to evaluate the o(u).
Clearly, in order to accurately simulate constrained
condition of the reinforcements in the matrix, it is
necessary to be aware of effects of experimental
variables, such as depth of the notch and geometry
of the notch tip, on the measured stress-

displacement relation. I the presem study, elfects
of these two wvariables are evaluaiod and
appropriate combination of these two variableg
with size of ductile reinforcement is also evaluated.
The experimenial results are analyzed using theory
of notch stresses and finite element method. A
formula to estimate the effects of the variables is
established and will provide guideline for the
future design of proper test specimens to obtain the
intrinsic properties of the reinforcements.

II. EXPERIMENTAL

2.1 THE TEST SPECIMEN - The test specimens used
in this study were laminated composites with pure
Nb foil sandwiched between MoSi> matrices, as
shown in Fig. 1(a). The specimens were prepared by
stacking a Nb foil with two layers of MoSi; powder
of -325 mesh at an appropriate ratio, and then
vacuum hot pressing at 14000C for 1 hour under a
pressure of 40 MPa to get the composite discs. Three
different thicknesses of Nb foils ( 0.25, 0.5 and 1.0
mm) were used to prepare the composite discs. The
discs were then cut into rectangular tensile test bars
with dimensions of 5.0x3.8x30.0 mm. In order to
obtain the relation between crack propagation and
stresses, surfaces of the tensile test bars
perpendicular to the plane of the Nb foil were
polished before notching. The notches in the MoSi;
matrix were introduced using diamond wafering
blades. The variation in radius of the notch tip was
obtained by using different sizes of diamond
wafering blades. Three different radii of notch tips
used in the present study were 0.075, 0.165 and 0.270
mm. Fig. 2 shows typical precracks in a test
specimen and a close-up image of one of the notch
tips with a radius of 0.075 mm. The notches on the
both sides were symmetrical with respect to the
central Nb foil. Depth of the notches was measured
in terms of the width of the narrowest cross section,
2a, as shown in Fig. 1(a). The reason for that will
become obvious in Section 3.

2.2 TEST PROCEDURE - Displacement controlled
tensile tests were conducted with INSTRON.
Wedge-type grips were used to clamp the specimens
and load train alignment was achieved by coupling
the top grip to a universal joint. Strictly speaking, to
simulate the interaction between ductile
reinforcements and cracks, very sharp precracks
should be introduced in the matrix. However, this
15 difficult to do or very tedious=procedure has o be




Fig. 2 (a) A general view of precracks in-a composite
laminate test specimen with a 0.5 mm thick Nb lamina and
0.075.mm notch tip radius; (b) A close-up image of one of

.dllgif‘lotch tips in (a).

ran

taken, such as initiating cracks by fatigue or by
introducing a chevron form of notch. In the present
study, a very slow displacement speed, 0.005
in/min, was used to alleviate this conflict. With
such low speed, it was easy to unload the specimens
at the load level desired for examining the
specimens with SEM to identify the critical stress

for initiating a crack at the notch tip and to observe

sharpness of cracks and crack propagation.

. For comparison, the critical stress for
Initiating a crack at the notch tip was also detected
by conducting tensile tests on some notched
monolithic MoSi» specimens.

(I RESULTS AND DISCUSSION
3.1 STRESS DISTRIBUTION IN A MONOLITHIC
MATERIAL SPECIMEN - Because of geometry of

the specimens in the present study, stress
distribution 1n (i shedimens consisting of a

monolithic material can be approximately treated as
A problem of a flat bar with a deep notch on ecach
side. H. Neuber (18] has already derived a formula
lo calculate stress distribution over the narrowest
cross section of such specimen under a tensile
loading (Fig.3). The stress distribution in question is

only a function of a/p and not affected by depth of
the notch, w (Fig.1). The formula proposed is

Xy, - cosluy
cos °2c ) )

Ty = Ai coshv cosu (2 +
h h

where A and h are defined as

A= I SiﬂUo

2ad vg + sinvg cosv,,

hl=siah® + cosy ... (4)

Meanings of the symbols used in eqs. (2)-(4) are as

follows. v and v are elliptical coordinates and the
relations between elliptical coordinates and
Cartesian coordinates are

y = sinhv cosu
x = coshv siny

Oy is stress in v direction at any position in the
plane of the narrowest cross section, F the tensile
loading, F/2ad the nominal stress in y direction

over the narrowest cross section, vy a constant
which defines contour of the notches with a

formula of v = v, (a hyperbola contour). The reason
the contour of the notches was assumed as a
hyperbola in the derivation of eq. (2) was because
curvature of the notch tip had much more
considerable effect on the stress distribution than
the additional contour of the notch and the
assumption of a hyperbola contour permitted the
simplest possible calculation. Due to such an
assumption, the contour of the notch is related to
the width of the narrowest cross section and
curvature of the nolch tip with a formula of
vo=arc cos(1/V(a/p+1)). The stress component, gy,
over the narrowest cross section can be obtained
fromeq. (2) when setting v=0.

The tensile tests on the notched monolithic
MoSi2 specimens showed that the nominal stress
over the narrowest cross section for initiating cracks

at the notch ips, deracknom). was 66.2 = 13.6 MPa for
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Fig. 3 Suess distribution over the narrowest cross section
and the corresponding contour of the notches in a
notched bar consisting of a monolithic MoSi;

spedmens with a width of 2.0 mm at the narrowest
cross section and a notch tip radius of 0.075 mm.

lnsertin‘g the Gecrack(nom) measured and the
specimen’s dimensions into eq. (2) and setting v = 0,
it was found that the stress at the notch tip at the

point of crack initiation, Gerack(max), was 310.4 + 60.6
MPa, as shown in Fig. 3. It is noteworthy that

Ocrack(max) Calculated in the present study is very
close to the flexural strength (319MPa) of
monolithic MoSi; measured using four-point bend
tests in a related study(19). The physical meanings
of these two quantities are the same, i.c., both of
them are the maximum tensile stress the MoSi; can
sustains before a crack is initiated. The results
suggest that with a proper design of the notched
specimen, tensile strength of brittle materials can be
evaluated with such precracked specimen
geometry.

3.2 STRESS ANALYSIS OF THE SANDWICHED
SPECIMEN - In the case of sandwiched specimens,
eq. (2) can still be utilized provided some
assumptions are made. [t is noted that there is a
deformation  continuity across the
matrix/reinforcement interface before the
debonding at the interface occurs. Therefore, it is

assumed that the siress Oy in the Nb side at the

interface is 3.6 imes less than that in the MoSiy sid:
during the clastic stage because the elastic modulu:
of MoSiz (379GPa) is 3.6 times larger than that of N1
(105GPa). It is also assumed that the stres:
distribution described by eq. (2) is still valid ever
inside the Nb reinforcement but with all the
stresses being only 1/3.6 of the stresses calculatec
using eq. (2). With the above assumptions, the
stress distribution in the sandwiched specimens car
be calculated using eq. (2). Errors introduced witl
the assumptions are estimated using finite elemen
analysis and the results are presented in the
Appendix. '

Measured Gcrack(nom) for laminatec
composites with 0.5 mm thick Nb lamina as 2
function of width of the narrowest cross section is

shown in Fig. 4. If Ocrack(max) of 310.4 MPa
measured from the monolithic MoSi; is taken as
the stress to initiate cracks at the notch tips in the

laminatgd composite specimens, G¢rack(nom) for the
laminated specimens can be calculated using eq. (2}
with . the aforementioned assumptions. The

calculated Gcrack(nom) is also included in Fig. 4 for
comparison. As seen in the figure, the theory of
notch stresses predicts that Gerack(nom) increases
with decreasing width of the narrowest cross
section and such trend is confirmed by the
measurement when the narrowest cross section is
wide. However, the predicted value deviates from
the experimental data when width of the narrowest
cross section is small. Such deviation is caused by
the residual thermal stresses, as discussed below.
Using eq. (2) and the aforementioned assumptions,
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[Fig. 4 A plot of Ocrack(nom) vs width of the narrowest cross
" crack(nom) {
section for composite laminates with 0.5 mm thick Nb
lamina and 0.075 aun sotch dp radius.
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Fig. 5 A plotof Ocrack(max) Vs width of the narrowest cross
section. The data for the laminated composites are
calculated from the daa in Fig. 4.

the measured Gerack(nom) in Fig. 4 can be used to
calculate Oc¢rack(max) for the laminated specimens.

The calculated Gcrack(max) are presented in Fig. 5 as a
function of width of the narrowest cross section. In
Pprinciple, the stress to initiate cracks at notch tips
for all the spedmens should be the same in spite of
different notch depths.-However, Fig. 5 shows that

the measured Ocrack(max) is lower for deeply
fi7iched specimens than other specimens. It is
Believed that this conflict is caused by the residual
thérmal stresses which contribute a tensile stress in
¥:difection (Fig.1) of about 19 MPa to the MoSi;
;:‘i{f_i_j@’é'i.zflt to the interfaces [19). Superposition of the
residual stresses to the external stress results in a
idrop of Ocrack(max) When width of the narrowest
xoss section is small.

Effect of notch size on the measured
Jérack(nom) is shown in Fig. 6. Taking 310.4 MPa as
the stress to initiate cracks at the notch tips in the
laminated specimens, Gcrack(nom) has been
Calculated using eq. (2)as a function of notch size
and the results are also presented in Fig. 6. As
¢xpected, the theory of notch stresses predicts

increase of Ocrackinom) with increasing radius of

Rotch tip. However, the measured Gcrack(nom) shows
no . increase or a very small increase from 65.86 +
12.48 10 71.15 + 16.32 and then t0 69.62 + 10.14 MPa
2s radius of the notch tip increases from 0.075 to
0165 and then to 0.27 mm. The results suggest that
When radius of the notch tip is large, such as 0.165
Andi0.27 mm, the stress to initiate cracks at the
notch tips is no longer controlled by radius of the
notch tips, but by intrinsic defects such as porosity
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Fig. 6 Effect of notch size on the nominal stress for
initiating cracks in the matrix.

in the matrix or the defects introduced during the
nolching. Close examination of Fig. 2(b) reveals that
some defects are indeed introduced at the notch tip.
Such defects could become decisive factors when
radius of the notch tip is large. The results indicate
that a small radius of notch tip should be used if the
stress to initiate cracks at the notch tips is to be
controlled.

3.3 LOAD-DISPLACEMENT CURVES - Fig. 7 shows
effect of notch depth (0.07S mm tip radius) on the
load-displacement curves of laminated composites
with 0.5 mm thick Nb lamina. Sudden load drops
in curves A and B correspond to the load for
initiating cracks at the notch tips. The load for
initiating cracks in curve C is about 40 Ibs and it is
hard to ascertain from the curve because of small
load drop. The reason the load drop in curve Cis

240 .
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] / /C B:2.82 mm
160 - C: .14 mm
Ee) J
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_O__ -
80 -
40 1 s

0 ou 0.42 0.63 0§ 1.05
displacement, mm

Fig. 7 Effect of notch depth on the tead-displicement cunves
of constrained Nb




lig. 8 A SEM micrograph of a laminated specimen
unloaded after the specimen has passed the sudden
load drop in the load-displacement curve.

small is because the matrix only carries a small
portion of the tensile loading when the width of
the narrowest -cross section is small. It is
noteworthy that when width of the narrowest cross
section is large, the stress to initiate cracks could be
high enough to distort intrinsic load-displacement
curves of the constrained ductile reinforcement, as
in the cases of curves A and B.

A proper design of notch depth should
remain an appropriate degree of elastic constraints
on the ductile phase, and on the other hand it
should prevent distortion of the load-displacement
curves of the constrained ductile phase. Based on
this guideline, the width of the narrowest Cross
section for curve C is deemed as an appropriate
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Fre 9 A plot of rotch depth vs the nominal stress carried by
different sizes of constrained Nb Linine tght after
the crach propagition tirough the whole s

notch depth and the area under curve C s regarded
as a truly representative of the contribution of the
ductile reinforcements ta the toughness of a brittle
matrix composite. :
The present experiments showed that cracks .
propagated through the whole matrix as soon as the ;
cracks were initiated at the notch tips, and from that
point on the load was carried only by the central Nb |
lamina. Fig. 8 shows such a typical crack
propagation. Nominal stress carried by the central |
Nb lamina right after the crack propagation§

through the whole matrix, 6'Nu(nom), is calculated |
using eq. (2) by assuming that 310.4 MPa is the stress ;
to initiate cracks at the crack tips and the load
reached at the point of initiating cracks is carried
totally by the Nb lamina. The calculated results for
different thicknesses of Nb laminae are plotted as a
function of width of the narrowest cross section in’
Fig. 9. The maximum stress reached by the.
constrained Nb measured from the load-
displacement curves are 351.3 + 25.7, 320.4 + 14.6.
and 259.9 + 22.9 MPa for Nb laminae with aJ
thickness of 0.25, 0.5 and 1.0 mm, respectively. Tl}é‘,

present experiments showed that if 6"Np(nom) wai
below about half of the maximum stress reached by,
the constrained Nb lamina, then the stress tpf;
initiate cracks was not high enough to distort tho;_,f'J
intrinsic load-displacement curves of the:
constrained ductile phase. Half of the maximum}
stress reached by each size of constrained Nb laminzg_f
is indicated by arrows in Fig. 9. Thus, a proper:
combination of size of ductile reinforcement and
depth of notch can be found in Fig. 9. ‘
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Fig. [0 Stress-displacement curves for different sizes of
coastrtined Nb laminae The thickness of the Nb
Laminae 15 0.25, 0.5 and 1O nun for curves AL I
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Examples of stress-displacement curves
resulted from a  proper combination of
reinforcement size and notch depth are showed in
Fig. 10. The widths of the narrowest cross section in
the figure are 0.65, 0.9 and 1.6 mm for 0.25, 0.5 and
1.0 mm thick Nb laminae, respectively. It can be
seen that with such combinations the load drop in
the curves is at the lower stress level and very hard
to ascertain. Thus, the area under the curves can be
regarded as the contribution of Nb to the toughness
of MoSiz matrix composites. From Fig. 10 and eq.
(1), it is concluded that toughness of ductile-phase-
reinforced brittle matrix composites increases with
increasing size of ductile phases.

IV. CONCLUDING REMARKS

The present set of experiments demonstrate that
the formula proposed by H. Neuber to describe the
stress distribution of a flat bar with a deep notch on
each side can be used to estimate the stress
distribution for both notched monolithic and
composite laminate tensile specimens. The stress to
Initiate cracks at the notch tips in the brittle matrix
.can be predicted using the formula and such stress
}_i_'a'.fi;been found to be equal to the flexural strength
é)fth  basic matrix. :

$9U¥ Evaluation of notch size effect indicates that
all fadius of notch tip should be used for a

.';%b'élfté'x"'r"contrdl of the stress to initiate cracks in the

BN ) Tl B c . . -
'}x’nau‘ii“‘lt is shown that in order to remain an
’;;,gegp?x;gp_'riate degree of elastic constraints on the

¥°d}1’ct11e phase and at the same time prevent the
»'Eﬁ{{g&qpﬁon of the stress-displacement curve of the
.constrained ductile phase, the nominal stress on

4 -~

¢ ductile phase at the point of crack initiation in
ithe:matrix should be below about half of the
~Maximum stress reached by the constrained ductile
P!I&'ie- Thus, to avoid the distortion of the stress-
displacement curve, notch depth should increase
 With “decreasing size -of constrained ductile
reinforcement. :

uivi: Although no experiment on composite
.Ylinder specimens has been conducted, it is
f®ommended that the formula proposed by H.
;,.eF‘_ber to describe the stress distribution for a
.::‘E’E,ll;c rod with a deep circumferential notch could
2u33¢d to analyze the notched composite cylinder

;;the
DR

B .
:*P&dmen using an approach analogous to the

‘

Present analysis of composite laminate specimens.
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APPENDIX

Finite eclement analysis (FEA) of the stress
distribution in the notched composite laminates
during the elastic deformation was implemented
using the finite element sofltware package ANSYS.
Due to the symmetry, only one quarter of the
specimen was analyzed using both two-
dimensional 4-node isoparametric and 6-node
triangular elements with an assumption of plane
stress deformation. Fig. 11 shows the mesh used in
the analysis. A total of 184 elements were used. The
displacement at the central plane along y-axis was
allowed only in the y-direction, and the plane of the
narrowest cross section was allowed to displace only
in x-direction. _

Stress distributions over the narrowest cross
section from analysis of the theory of notch stresses
and FEA are shown in Fig. 12 . The input data for
the analysis are as follows: the Nb lamina is 0.5 mm
thick, width of the narrowest cross section is 1.0
mm, radius of notch tips is 0.07S mm and the
nominal stress over the narrowest cross section is
66.75 MPa. It is noted that the stress distributions
analyzed using both methods are very similar with
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Fig. 12 Comparison between FEA and the theory of notch
stresses on the stress distaibution over the
narrowest cross section.

the maximum stress at the notch tip predicted frou
the theory of notch stresses 3% higher than tha
predicted from FEA. The results indicate that tng
assumptions mentioned in Section 3.2 onli
introduce 3% error either to the calculation of th
maximum stress at the notch tips or to tht
calculation of the nominal stress over 't
narrowest cross section.

It is also noted that ratio of the stress in thi
MoSi; side to that in the Nb side at the interface
not 3.6 (ratio of the Poisson's ratios of MoSis to Nb
but equals to 2.01 for FEA. It is believed that the
deviation of the stress ratio from 3.6 is due to the
presence of the precracks because if there are ng
precracks in the FEA, the ratio of the stressex
becomes 3.6.




" On the Flow Behavior of Constrained Ductile Phases

L. XIAO and R. ABBASCHIAN

Lffects of the matrix/reinforcement interface and the mechanical propertics and size of the
ductile reinforcement on the flow behavior of (he constrained ductile reinforcement have been
evaluated using a tensile test on a single Nb lamina imbedded in MoSi, matrix. It was found
that work of rupture of the ductile reinforcement increased with size of the ductile reinforcement
and with decreasing fracture energy of the matrix/reinforcement interface. [t was also found
that the work of rupture normalized by size and yicld strength of the reinforcement was de-
pendent on the interfacial properties and size of the reinforcement. Based on the obscrvation,
an analytical model is developed which gives insight into the influence on the stress-displacement
curve of yicld strength, work hardening, fracture energy of matrix/reinforcement interface, and
size of the reinforcement. A characteristic decohesion fength, which is a function of size of the
reinforcement, has been identified by the model and related to the measured decohesion length.
The results allow the extrapolation of the work of rupture measured from the large size of
constrained ductile phases to the small size of the ductile phases. As the reinforcements used
in composites are usually smaller in size than those tested in such tensile tests, the extrapolation
ol the work of rupture allows the contribution of ductile reinforcements to the toughness of a

brittle matrix composite to be calculated.

I. INTRODUCTION

NUMEROUS studies have shown that improved
fracture toughness can be achieved by the incorporation
of a ductile second phase into a brittle matrix. Examples
of current or potential fechnological significance arc
tungsten carbide toughened with cobalt network,!"-! zir-
conia toughened with zirconium network ! alumina
toughened with dispersed molybdenum,*!' magnesia
toughened with cobalt and nickel particles or fibers,'™!
and glass-enamels toughened with dispersed aluminum
and nickel particlcs.!® Successful toughening has also been
observed in titanium aluminide!” and molybdenum disil-
icide™ " reinforced with niobium pancake or filament.

The primary toughening mechanism of ductile rein-
forcement has been attributed to the bridging of ductile
ligaments.!""™"! When the size of the bridging zone in
the wake of the crack tip is small relative to the crack
length and the specimen dimension, the contribution to
fracture toughness from bridging can be estimated by ex-
tending the cohesive force model!™ to the ligament
bridging!'''?! and can be written as

AG=V,] o(u) du {1}

o

where o(u) is the nominal stress carried by the con-
strained ductile reinforcement for a given crack opening
u, V, is volume fraction of the reinforcement, «* is the
crack opening at the point when the ductile reinforce-
ment fails, and the definite integral, designated as § in
the text, is the work of rupture of the constrained ductile
ligament. Thus, the key to predict the increased fracture
toughness is to calculatc o(«) as a function of crack
opening. Recognizing that o(u) is different from that

measurcd in a simple tensile test, several investigators
have attempted to relate o(u) to the uniaxial stress-strain
propertics of the ductile phase. The methods used in-
cluded a slip-linc ficld analysis,!''*? finite clement
methods '™ spring  models,"'  and  geomeltric
modcls ' Experimental determination of the o(u)
has also been conducted with a tensile test on a single
constraincd ductile phasc.!'*'"'" Ashby et al.'' found
that the work ol rupture was enhanced by limited de-
cohesion at the interface. Deve ef al. " however, re-
vealed a more complicated situation; i.e., whether or not
a limited decohesion was beneficial to a high work of
rupture depended on the work-hardening capability of
the ductile phasc. Furthcrnore, Ashby er al.' also found
that the work of rupture normalized with both the yicld
strength and (he size of the ductile phase (lcad metal in
their study) was independent on the size of the lead in
the matrix. Thus, the work of rupture measured from
onc size of ductile phase can be extended to other sizes
of ductile phase. These results indicate that more ex-
periments are necessary to identify the effects of the
interface, and the extrapolation of the work of rupture
measured {rom one size of constrained ductile phase to
other sizes of ductile phase also needs to be further in-
vestigated in other systems.

The primary objective of the present study is to ex-
perimentally examine the effects of properties of the
matrix/reinforcement interface and of the size of ductile
phase on its flow behavior and, therefore, on the en-
hanced fracturc toughness of the composite. The second
goal of this study is to model the stress-displacement re-
lation and to examine the feasibility of extrapolation of
the work of rupture mcasured from a large size of con-
strained ductile phascs to a small size of ductile phases.
The system selected for investigation was MoSi, matrix
reinforced with Nb. Since the two componcents used have
similar cocfficients of thermal expansion, the residual
thermal stresses were minimized, thus simplifying the
present stress analysis. Specimens with laminated form




have been uscd because of the case of producing the
composites with controlled propertics, but they still serve
the purpose of the present study. The symbols used in
the text are defined in Table L

[I. EXPERIMENTAL

Disc-shaped laminated specimens were prepared by
stacking a Nb foil with two layers of MoSi, powder
(~325 mesh) at an appropriate ratio and then vacuum

hot-pressing at 1400 °C for | hour under a pressure of

40 MPa. In order to minimize residual thermal stresses,
the hot-pressed discs were held in the hot-pressing cham-
ber at 800 °C for | hour before cooling down to room
temperature. The residual thermal stresses induced with
such processing have been estimated to be small with a
tensile stress of 19 MPa in the matrix and a compressive
stress of 79 MPa in the Nb on the lamina plane.!"® Three
different thicknesses of Nb foils (1.0, 0.5, and 0.25 mm)
with a purity of 99.8 pct were used to prepare the lam-
inated specimens. Variation in bonding conditions at the
matrix/reinforcement interfaces was achieved by depos-
iting different oxide coatings (Al,O, or ZrO,) to the Nb
surface prior to the hot-pressing or by the development
of a reaction product layer between the matrix and re-
inforcement. Dectails ol the coating procedures can he
found in Relerence 9

The hot-pressed discs were cut into rectangular tensile
test bars with dimensions of 5.0 X 3.9 x 30.0 mm, as
shown in Figure 1. Straight-through notches in the MoSi,
matrix were introduced using a diamond wafering blade

Table I. Symbols and Definitions

2a remaining thickness of reinforcement

d decohesion length

d, characteristic decohesion length

d,, mcasurcd decohesion length

£ Young's modulus .

E, normalized work of rupture fy a(u)/ay dufi

€, true strain

€. average elastic strain in the x-direction on the
midplanc of the neck

€, clastic strain in the x-direction at the position of
x on the midplane of the neck

AG increment in toughness causced by ductile
reinforcement

2H length of reinforcement affected by necking

I Poisson’s ratio

R radius of contour of the neck

g stress

d cffective stress

oy yicld strength

[ S maximum stress rcached by constrained
reinforcement

(i g stress in z-direction at the (ree surface of the neck

2 initial thickness of reinforcement

axial extension equal to crack-opening displace-

u ment

u* crack-opening displacement at failure of ductile
reinforcement

v, volume fraction of ductile reinforcement

¢ work of rupture, fo () du

with & thickness of 0.15 mm, Distance from the notch
tip to the laminate interlface is 300 pm for [.0-mm-thick
Nb famina and 200 gm for 0.5- and 0.25-mm-thick Nb
laminac. Such distances have been found to be small
cnough not to distort the stress-displacement curve of the
constrained ductile reinforcement, and at the same time,
they maintain an appropriate degree of clastic constraint
from the matrix ™

Displacement controlled tensile tests were conducted
using Instron  with  a  displacement  speed  of
0.005 in./min. The wedge-type grips were used to clamp
the specimens, and load train alignment was achiceved
by coupling the top grip to a universal joint. The load
was recorded as a function of crosshead displacement.

To obtain the intrinsic mechanical properties of Nb
used, tensile and hardness tests were conducted on the
as-received and processed Nb foils. The processed Nb
foils were obtained from hot-pressed ZrO,-coated
Nb/MoSi, composites by breaking all the MoSi, on both
sides of the Nb foil. This is not very difficult to do due
1o a relative weak bonding between Nb and MoSi, at the
presence of a ZrQ, coating layer, as described in
Section 111-B).

II. EXPERIMENTAL RESULTS
A. Mechanical Properties of Unconstrained Niobium

Propertics measured from the processed Nb and
as-received Nb are summarized in Table I1. The data show
that strength of Nb increased after hot-pressing, except
for the 1.0-mm Nb foils, but the rate of strain hardening
increased for all the niobium. Such changes are believed
to be due to a combination of two competitive processes
during hot-pressing: (1) grain growth of Nb, as shown
in Figure 2, and (2) solid solution strengthening because
of the equilibrium of Nb with the silicides formed at the
matrix/reinforcement interface. In related studies, ' it
has been shown that the coated Nb/MoSt, systems con-
tain three interfaces between the matrix and reinforce-
ment, MoSi,/coating /Nb,Si;/Nb, whereas the uncoated

Nb ) MOSiz
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Fig. | — A schematic of a composite laminate test specimen.




Table I1.

Mechanical Propertics of Niobium

Pracessing Condition As-Reccived*

Thickness of Nb foit (mm) 1.0 0.5
Microhardness (HV, kg/mnﬁ) 110 79.4
Yicld strength (o7, MPa) 204 121
Tensile strenpth (or,, MPa) 277 195
Elongation (5) 0.403 0.523
Strength cocflicient (M1a) 454 53
Strength hardening cocefficient 0.173 0.245
ay/HV |.8S 1.52
ARG 2.52 2.45

Proccssed**
(Zr(); Coated, 1400 °C, 40 MDPa for | hour)
0.25 1.0 0.5 0.25
82.3 104 114 131
123 180 *+ 6 200 £ 9 236 + 11
204 221 + 8 260 = 7 285 = 10
().468 0.32 * 0.03 0.18 = 0.02 0.10 + 0.02
370 356 * I 363 + {0 RO * 12
0.243 0.165 + 0.032 0.085 = 0.004 1076 = 0.007
.49 1.73 1.85 .80
2.48 2.12 2.28 2.1

‘Only one sample for cach condition was tested.
**Three samples for cach condition were tested.

Nb/MoSi, systems contain the interfaces of MoSi,/
{Mo, Nb),Si,/Nb or MoSi,/(Nb, Mo)Si,/NbSi,/Nb de-
pending on the processing temperatures. In short, for the
present casc, Nb always cquilibrates with silicides, re-
sulting in the solid solution strengthening of the Nb. For
1.0-mm Nb foil, grain size has changed from 15 to
~500 pm during hot-pressing, which leads to a larpe
decrease in strength and overshadows the increase duc
to the solid solution hardening. For 0.5- and 0.25-mm
Nb foils, grain size has changed from 50 to ~370 pm
and from 48 to ~300 pm, respectively. However, shorter
diffusion distance to the center of the niobium has made
solid solution hardening dominant over softening duc to
grain growth. Thercfore, 0.5- and 0.25-mm Nb foils show
an increased strength after hot-pressing.

Examination of the true stress-strain data of the pro-
cessed Nb reveals that after the true strain is larger than
a certain value, the true stress-strain follows power law
quite well. For example, the truc strain at which the true
stress-strain starts to follow a power law is ~0.34 pct
for 0.25-mm processcd Nb and ~1.0 pct for 1.0-mm
processed Nb. Thus, the truc stress-strain data after the
previously mentioned strains (e.g., 0.34 pet for 0.25-mm
Nb) have been.used to calculate both the strength coef-
ficient and the strength-hardening coefficient. The re-
sults are listed in Table I and aiso presented in Eq. (2]
for convenience.

o, = 356" (MPa) for 1.0-mm Nb
a, = 363¢)"™ (MPa) for 0.5-mm Nb (2]
a, = 386¢; "™ (MPa) for 0.25-mm Nb

The above true stress-strain relations have been utilized
to describe the intrinsic propertics of the unconstrained
ZrO,-coated Nb and the unconstraincd Al,Q,-coated and
uncoated Nb because of the following reasons. As shown
in Table II, although the tensile strength of the niofium
varies with the thickness, the tensile strength is propor-
tional (o its hardness (i.e., o, /HV equals to 2.48 + 0.04
and 2.19 % 0.08 for the as-rcceived and processed Nb,
respectively). Such a definite relationship has also been
reported for other materials.!?™ The ratio of the yicld
strength o the Vicker's hardness is also approximately
a constant, as shown in Table Il. The results indicate
that it is reasonable to infer the strength of the niobium
from the hardness measured. Hardnesses of Nb hot-pressed

with different conditions are summarized in Table LI
The table shows that the hardnesses are almost the same
for each group of Nb based on the size. Due to such
hardness results, the stress-strain relations for both the
uncoated and the Al,O,-coated Nb under the uncon-
strained condition can be assumed to be the same as those
of the processed Nb, which is the ZrQ, uncoated Nb,
before MoSi, on both sides of the Nb foils has been broken
away.

It is cicar from the previous discussion that the intrin-
sic mechanical properties of the Nb reinforcement in the
composites are different from those of the Nb before the
compositing. It is believed that such a change in prop-
crtics due to hot-compaction processing is a common
phenomenon for ductile-phase reinforced brittle matrix
composites, because most of them have to be fabricated
with high-temperature processing techniques. Even in
chemically compatible composites, change of grain size
will cause property change of the ductile reinforcements.
Such change imposes difficulty on the prediction of the
composite propertics.

B. Failure Mechanism and Related Observation on
Constrained Niobium

An edge view of the unconstrained and constrained
uncoated Nb foils after the tensile test is shown in
Figure 3. As seen in the figure, Nb foils fail by drawing
down to a wedge for both the constrained and uncon-
strained conditions. All three sizes of Nb foils show the
same failure mechanism. Furthermore, similar necking
is also observed for all of the coated Nb. Close exami-
nation of ¢igure 3 reveals that the decohesion of Nb from
the matrix is due to cither multiple matrix fracturc
(Figures 3(b) and (d)) or partial matrix fracture and par-
tial debonding at the interface (Figure 3(c)). For the AlO,-
and ZrQ,-coated Nb, the decohesion of the Nb was found
10 largely come [rom debonding at the interface, as shown
in Figure 4. Thesc results are in agreement with a related
study,!2?! which shows that the uncoated interface has a
higher interfacial fracture cnergy than the fracture en-
ergy of the matrix, while the oxide-coated interfaces have
a lower interfacial fracture encrgy than the matrix. Thus,
it is expected that the matrix would fracture before the
interface fails in the case of the uncoated Nb in contrast
to the predominance of interfacial failure in the case of
the coated Nb.
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Optical microstructures of Nb foils: (a) as-received,

Fig. 2—

1.0-mn thick: (h) processed,
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1.0-mm thick; (¢) as-received, 0.5-mm-thick; and

(d) processed, 0.5-mnv thick. Note that different niagnifications are used.

Table I11.

Microhardness of Nb with Different Processing Conditions (Hot-Pressed at 1400 °C, 40 MPa (or 1 Hour)

Thickness of

Nb Foil (mm) 1.0 0.5 0.25
Processing condition uncoated ALO, Zr0, uncoated Al,O, ZrO, uncoated Al O, Zr0,
coated coated coated coalted coated coated
HV (kg/mm?) 104 106 104 I8 116 114 131 131

134

Both interfacial failure and matrix (racture create a
“gage length™ at the matrix/reinforcement interface, which
is a region virtually free from constraints of the matrix
and is called decohesion length in the text. The measured
decohesion lengths are summarized in Table 1V. The data
show that within each size group, decohesion length in-
creases (rom the uncoated to ALO,-coated and then to
ZrOy-coated Nb/MoSi, composites. Such results are
consistent with the mcasurement of the interfacial frac-
ture energy ! which shows that the uncoated Nb/MaSi,
has the highest interfacial fracture energy, followed by
the AlLOy-coated and then ZrQ,-coatced Nb/MoSi,
composiles.

Increase of the decohesion length with the thickness
of Nb foils, as shown in Tabie IV, is belicved to be
mainly related to the necking of the Nb. Figure 5 shows
schematically the effect of the necking on the decohesion
length. The length of the Nb region affected by necking,
2H, is proportional to the thickness of the Nb, as shown
in Figure 3. Approximately, H is 1.3 times the Nb thick-
ness, a result measurcd from Figure 3. Large lateral dis-
placement of Nb in the necking-affected region gives rise

to large transverse stresses that lead to the interfacial de-
bonding and/or matrix fracture. Thus, the thicker the
niobium, the longer the necking-affected region and,
therefore, the longer the decohesion length. If the inter-
face bonding is relatively weak, such as the Al,O,- and
ZrO,-coated interfaces, the transverse stresscs aroused
by lateral displacement of the Nb during uniform strain
can be large cnough to causc the interfacial debonding
all the way to the test grips. During the uniform strain,
the lateral displacement of Nb right at the interface is
proportional to the thickness of the Nb. Therefore, de-
cohesion by this mechanism can more casily occur in
thick Nb composites than in thin Nb counterparts, as in-
dicated in Table IV,

It has been shown!'??2*! that the failurc of the con-
strained Nb laminac in MoSi, matrix involves the fol-
lowing scenario. When an advancing crack just impinges
a Nb rcinforcement, no dcbonding at the matrix/
reinforcement interface occurs. As external load contin-
ues to increase, debonding at the interface and/or mul-
tiple fracture of the matrix near the interface occur due
to a relatively large latcral deformation of the Nb rein-
forcement compared to the matrix and load transfer from
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Fig. 3— An edpe view of fructured specimens showing the contour of the neck: (@) an unconstrained, processed Nb foil with a thickness of
1.0 mm: and (h) through (d) constrained Nb with thicknesses of 1.0, 0.5, and 0.25 mm, respectively. Note that different magnifications arc

used.
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Fig. 4—An edge view of a fractured Al,0,-coated Nb/MoSi, com-
posite lamimate showing interfacial debonding.

the matrix to the reinforcement. Then the necking and
fracture of the niobium occur as the load continues to
increase. The aforementioned results'??2 and the pres-
ent observations suggest that flow behavior of the con-
strained Nb can be simplified into three stages:
(1) elastic deformation; (2) plastic deformation within
the decohesion region; and (3) localized plastic defor-
mation within the necking region. Such processes are
illustrated in Figure 6. The crack opening of the matrix
can be directly related to the deformation of Nb in the
decohesion zone. At the early stage of crack opening,

Nb only undergoes elastic deformation, as shown in
Figure 6(a). As crack opening increases, Nb enters the
stage of plastic deformation (Figure 6(b)). At last, when
the work-hardening rate of the niobium at the central
portion of the decohesion region is lower than the stress
increase rate due to a decrease in the cross-sectional area
of the reinforcement, the localized deformation begins
(Figure 6(c)), which leads to the final failure of the Nb
lamina. Such simplified deformation processes will be
uscd to model stress-displacement behavior of the con-
strained Nb, as will be presented in Section [V.

C. Stress-Displacement Curves of
Constrained Niobium

Figure 7 shows typical stress-displacement curves for
the uncoated Nb foils with different thicknesses con-
straincd in MoSi, matrix. The parameters measured are
summarized in Table V. The work of rupture normalized
by the yield strength, oy, and half-thickness of ductile

phase, ¢,
J'" o(u) du
o O

in presented as E, in Table V and is called the normal-
ized work of rupture in the text for convenience. As seen
in Figure 7 and Table V, due to the different intrinsic
properties, the maximum stresses reached by the con-
strained Nb, o,,,, are different for différent sizes of Nb.
However, il the o,,, is normalized by its own yield




Table 1V. Decohesion Length in the MoSi,/Nb Composites (Hot-Pressed at 1400 °C, 40 MPa for 1 Hour)*

Thickaess of

Nb (oil (man) 1.0 Q0.5 0.25
Processing ALO, zZr0, ALO, 210, ALO, Zs0,
Condition uncoated coated coated uncoated couted couted uncoated couted coated
Decohesion s decohesion all the way 29 £ 04 3} 204  decohesion all the  (L86 = 0.09 0.94 = 0.23 1.30 = Q.61

length (mm) to the grips

way to the grips

*Four specimens for each condition were measured, except for 0.5-mm-thick Nb lamina, for which eight specimens were measured.

Nb MoSi2 NY  Mosi2
2
x, 2
P ——- P
Crack
NN |, =N= 3 M
O - |
Transverse stresses O ‘
caused by diffcrent —a— | = }............
lateral displscements The region <
) affected by i
necking
shear stresses
caused by load
transfer
1y>t,
Thick Nb Hl >H, Thin Nb

Fig. 5— A schematic showing the effect of necking on the decohe-
sion length.

L] des [ bl - Hew ’
(a) Blastic deformation, () Plastic deformad (C) Locatized det

Fig. 6— A schematic of three stages of deformation for constrained
Nb. 24 is the length of the necking-affected region, 2a is the re-
maining thickness of the reinforcement, and « is displacement.

strength, the normalized maximum stress, o,,./0,. ex-
hibits an independence on the size of Nb. This result
suggests that the maximum stress reached is not a func-
tion of size of the ductile phase. It is noted that the work
of rupture increases with the size of Nb, indicating that
the large size of ductile reinforcement is more effective
in improving toughaess of the brittle matrix composites.
It is also noted that the normalized work of rupture shows
a dependence on the size of Nb. The value of E, in-
creases with the increasing size of the niobium. The size
dependence of the normalized work of rupture is attrib-
uted to the size dependence of the decohesion length, as
will be discussed in Section V. This result suggests that
the data of the normalized work of rupture obtained from
the test on the large size of ductile reinforcements cannot

400

Stress, MPa

0 021 042 063 084 105 1.26
Displacement, mm

Fig. 7— Typical stress-displacement curves of constrained, uncoated
Nb laminac with dilferent thicknesses.

be extended to the small size of the reinforcements di-
rectly for the present composites.

The effect of coatings on the stress-displacement curves
is shown in Figure 8. The parameters measured are sum-
marized in Table V1. The data show that as the decohe-
sion length increases, {.e., the constraints on the
reinforcement decreases, the work of rupture increases.
This is not surprising, since the longer the decohesion
length, the more the ductile material participates in the
plastic deformation and, therefore, the more energy is
consumed before fracture occurs. It is noted that as the
decohesion length increases, the normalized maximum
stress decreases, indicating that increasing constraints on
the ductile phase increase the o ,,,,. Table VI also shows
that the normalized work of rupture is inversely depen-
dent on the interfacial bonding strength. This is believed
to be due to the increase of work of rupture with in-
creasing decohesion length. The previous results indicate
that limited decohesion enhances the energy consumed
to fracture the constrained ductile reinforcement and,
thercfore, improve the toughness of the composites.

IV. MODELING

As discussed in Scction III-B, the flow behavior of
the constrained Nb in the present study can be simplified
into three stages: (1) elastic deformation; (2) plastic de-
formation within the decohesion region; and
(3) localized plastic deformation within the necking re-
gion. To model the stress-displicement relation of con-
strained ductile phase, o-u, some assumptions are made.




Table V. Summary of the Parameters Calculated from the
Model and Mcasured for the Uncoated Nb/MoSi, Laminates®*
Mcasurcd Calculated
2t [ . £ T inax 4
(mm) (MPa) T/ T (J/m?) E, (MPa)  0pa/T0 (J/m?) E, E pcanr/ Enerpr
1.0 259 £ 23 1.44 477.000 = 35,900 5.3 292 1.62 400.000 4.4 0.838
0.5 3125 £ 16 1.54 239,000 %= 24 000 4.5 329 1.56 196,000 3.7 0.814
0.25 351 £ 15 1.49 85.000 = 7800 2.8 354 1.50 88,000 29 1.025
*Four specimens for cach condition were tested, except for 0.5-mm-thick Nb lamina, for which cight specimens were tested.
350 q Zlasti ]
A A Uncoaled A. Stage of Elastic Deformation
300 8 B: Al203 coated To compute o-u data for elastic deformation, two more
. C:Zr02 coated assumptions are made: (1) the volume-conserving nature
& 250 c of large-scale plastic deformation is also applicable to
this stage; and (2) the effective stress across the mid-
w 200 :
b planc of the neck is constant.
® 150 Assumption (1) and the assumed contour relate the
b displacement, u, to the radius of the cylinder, R, by
1004 geometry as
5o (d+u)? 4
o g (3]
S S + 120u 3(d + w)
0 0.42 0.84 1.2¢6 1.68

Displacemeant, mm

Fig. 8 —The effect of the coatings on the stress-displacement curve
measured from composite laminates with 0.5-mm-thick Nb lamina.

First, displacement of the stress-displacement curve is
assumed to come only from the deformation of Nb lam-
ina inside the decohesion region, because the Nb outside
the decohesion region is bonded to the matrix and only
undergoes elastic deformation. Second, the contour of
the Nb lamina in the decohesion region is assumed to be
part of the outside surface of a cylinder with a varied
radius of R for all stages of deformation, as shown in
Figure 6. Such an assumption is an approximation of the
real contour of the Nb observed in the experiments and
makes the calculation possible. Third, plane strain is as-
sumed for the computation in all of the stages. In ad-
dition, in the calculation, the value of « is mcasured as
the axial displacement of the matrix point at the bound-
ary of the decohesion region while o is computed from
the total force exerted on the remaining cross section of
the midplane at the neck normalized by the original mid-
plane area.

Assumption (2) renders the Bridgman formula for a
necking plate,!!

(©)er= Q)= [=+5(-5)] %
-lo,=-]o, - |[R+-|1l - [4]
a a 2 a ax

computable even for elastic deformation. The terms x
and a in Eq. [4] are defined in Figure 6, and o, and o,
which are functions of x, are the stresses on the midplane
of the neck in the z- and x-directions, respectively. Al-
though the assumed contour and constant cffective stress
do not represent the real situation of the decohesion re-
gion, they introduce negligible error to the work of rup-
ture (see the Appendix).

With assumption (2), boundary conditions at the neck,
and plane-strain assumption, the stress component g, can
be related to the stress o,,, which is o, at the free surface
of the neck, as follows,

, (L+2u-2uY

o =0+ 0} o0, (5]
(I1-—p+p)

where u is the Poisson’s ratio and is equal to 0.39 for

Table VI. Summary of the Parameters Calculated from the Model
and Measured from the Composites with 0.5-mm-Thick Nb Lamina®

Mecasured Caiculated
Processing O ax £ O max ¢
Condition (MPa)  Op./00 (J/m?) E, (MPa) 0Ony/0o (J/m’) E,  Eqa/Eneap
Uncoated 325 £ 16 1.54 239,000 £ 24,000 4.5 329.3 1.56 196,000 3.707 0.824
Al,0, coated 310 £ 11 1.47 243,000 £ 21,000 4.6 3284 1.55 203,000 3.860 0.839
Z1O, coated 2715 £ 12 1.31 429,000 + 26,000 8.1 328.2 1.55 339,000 6.435.  _0.794

*Eight specimens for each condition were tested.




Nb.B# [ntroduction of the Poisson’s ratio of Nb into
Eq. |5] yiclds

g, =0968 0, *+ o, (6]

The negative sign in Eq. [6] is discarded in the following
computation because of the boundary conditions at the
neck (ie., o, = 0 and o, = o, when x = a). Substi-
tuting Eq. (6] into Eq. [4] and solving the linear [lirst-
order differential equation for o, yield

(R)O [LA)]
a

R | 2y 00N
X
€1
a 2 2a

o, =0, 31.25-3125 {71

where a,, is related to the average elastic strain, &,, which
can be measured from the dimension of the neck using
the relation of €, = In (a/r) and can be related to the
clastic strain in the x-direction at the position of x on the
midplane of the neck, €.(0o,,0,,.,), as follows:

f g0, 0,0,)dx
[

m
-

" R 0.032
10.11 -
a

aF R 1 7\ 00 dx (8]
X
o \a 2 24

where E is the Young's modulus of Nb. Thus, by nu-
merical integration of Eq. [8], o,, can be found for any
specific R and a. Using Egs. [3] and (6} through [8],
o-u data can be calculated for the elastic deformation.

B. Stage of Plastic Deformation

The von Mises yield criterion is used to monitor the
initial yielding. Thus, when the effective stress reaches
the yield strength of the Nb, plastic deformation begins.
Now the Bridgman formula for a necking plate,!?!

eeefnfeo26-3))

can be used directly to compute the nominal axial stress.
By applying boundary conditions at the neck, a rclation
between o, and the effective stress, &, can be found:

0. = 1.1547¢ [10]

where & is determined by the effective strain.

In the computation, the effective strain at the initial
yield is assigned as zero, while the effective stress has
a value of the yield strength of the unconstrained Nb.
After the initial yield, the niobium is assumed to be a
perfect isotropy of strain hardening, and the power law,
Eq. {2], is used to compute the effective stress.

C. Stage of Localized Plastic Deformation

The localized plastic deformation is assumed to begin
when the nominal axial stress is about to decrcase. The
fength of the region affected by necking, 2/, shown in
Figure 6, is chosen as 21. After necking down to a point
at the neck, the region with such dimension gives two
triangles with height equal to the base. The basc is as-
sumed to have no more deformation when the localized
deformation begins. The assumptions give risc to a con-
tour, as shown in Figurc 6(c), and such contour is an
approximation for the contour of Nb in the decohesion
region, as shown in Figure 3. The displacement in the
stage of the localized deformation is assumed to come
only from the deformation of the necking-affected re-
gion, and the computation of the nominal axial stress is
carried out using Eqs. [9] and [10].

In summary, in the preceding approximate model, the
effect of bonding conditions at the interface on the cal-
culated o(u) ~ u curve is introduced by properly se-
lecting the decohesion length at the interface, since the
decohesion length is dependent on the interfacial con-
ditions, as revealed in the experiments (Scction [1I-B).
The effects of intrinsic mechanical properties of ductile
phase are addressed by utilizing the elastic modulus, yield
strength, and true stress-strain relation of the ductile phase
throughout the computation of the o(u) ~ u curve. Fi-
nally, the size of the ductile phase comes into play through
the selection of the decohesion length and the direct en-
try of the half-thickness of the ductile phase in the model.

V. COMPARISON BETWEEN
THE MODEL AND EXPERIMENTS

A. Effect of the Decohesion Length

Dependence of the stress-displacement curve on the
decohesion length is shown in Figure 9, which is gen-
erated using the true stress-strain data of 0.5-mm Nb.
The results indicate that the maximum stress reached by
the constrained Nb, o ... increases with increasing con-
straints on the ductile reinforcement, but increasing con-
straints decrease the work of rupture, a trend also exhibited

Sm . L.
A . Decohesion length
a0\~ B A:0.2mm
o ~~ B: 0.5 mm
g 300 1 c C:3.0mm
. /
8 200
(72}
100 1
0

0 0.27 0.55 0382 1.09
Displaccment, mm

Fig. 9 —The effect of decohesion Icnkth on l.hc stress-displacement
curve.




«+ by the experiments. The results suggest that a relatively
weak bond at the interface enhances the work of rupture
and, therefore, is conducive to toughening brittle matrix
composites. Similar results were obtained by other in-
vestigators using different models.!'*!*'*!

The calculated parameters from the model, based on
the experimental data of 0.5-mm-thick Nb lamina in
Table IV, are presented in Table V1. Ratios of the cal-
culated and measured normatized work of rupture, £ ./
E yeupr» are also included in the table. A comparison be-
tween the calculated and measured data in Table VI re-
veals that the calculated work of rupture deviates [rom
the measured counterparts by about 20 pct. However,
the general trend that the work of rupturc decreases
with the increasing interfacial fracturc cnergy obscrved
in the experiments has been maintained in the prediction
of the model. The discrepancy in the values between the
calculated and measured work of rupture lics in the as-
sumptions involved in the model, especially the as-
sumption of the contour of the Nb lamina in the decohesion
region. The assumed contour of the neck makes the
computation feasible, but it does not exactly reflect the
real contour of the Nb, which actually displays a convex
shape at the region away from the neck, as shown in
Figure 3. On one hand, the assumed contour (a concave
shape) leads to a larger strain to failure when compared
with the convex shape of the real contour; on the other
hand, it also results in a larger radius of curvature at the
neck than does the real contour. As such, a less severe
state of triaxial stresses results, and a lower stress in the
axial direction (z-direction) is predicted by the model.
All of these contribute to the discrepancy in the work of
rupture. Nevertheless, the predicted valucs are reason-
able approximations to the measurcd counterparts.

It is also noted from Table VI that o.,,. predicted by
the model, is insensitive to the interfacial bonding con-
ditions in the range of the measured decohesion lengths.
The result indicates that the model becomes less sensi-
tive to the decohesion length when the decohesion length
is large, because for short decohesion lengths, o,,, is
very sensitive to the decohesion length, as shown in
Figure 9. This phenomenon will be further discussed in
Section V-B. An implication of the present resuit is that
. the present coated and uncoated Nb/MoSi, laminates are
in the range of low constraints (i.e., long decohesion
length). The experimental evidence for this is that the
maximum stress reached by the laminate composites with
{.0-mm Nb lamina is almost the same for different de-
cohesion lengths ranging from ~5 to ~15 mm.

B. Effect of Reinforcement Size

A comparison of the size effect between the model
and experiments for the uncoated Nb/MoSi, laminates
is shown in Figure 10. The input data for the model are
from Eq. {2) and Tables II and [V, with each size of Nb
having its own measured paramelters and properties. The
input of Young's modulus is from the slope of the stress-
strain curve of the unconstrained Nb in a simple tensile
test. As shown in Figure 10, the model [its the experi-
mental data reasonably well, except the stage of the lo-
calized plastic deformation. The deviation in this stage

Stress, MPa
N
8

ol A Al T
0 042 084 126

T T

1.68 210 252
Displacement, mm

Fig. 10—The effect of reinforcement size on the stress-displacement
curve. Al, B, and Cl (solid lines) are experimenta] curves of the
composites with 0.25-, 0.5-, and 1.0-mm-thick Nb laminae, respec-
tively; A2, B2, and C2 (dashed lines) are results from the model for
composites with 0.25-, 0.5-, and 1.0-mm-thick Nb laminae, respec-
tively.

is largely due to the difference between the real and as-
sumed contours of the neck, as discussed in Section
V-A. The parameters calculated from the model are
summarized in Table V. It is noted that the calculated
maximum stress, the work of rupture, and the normal-
ized work of rupture arc all close to the measured
counterparts. It is clear that the estimation of the max-
imum stress, the work of rupture, and the normalized
work of rupture can be made from the model.
Reinforcements used in composites may be smaller in
size than those tested in the present study. To predict the
work of rupture for the small size of rcinforcements, it
is necessary to know the decohesion length in advance
for use of the model. A plot of o, vs decohesion length,
computed from the model for the composites with
0.25-mm Nb lamina, is shown in Figure 11. It is noted
that there exists a characteristic decohesion length, d.,

360
_ Thickness of Nb
o 350 ] 0.25 mm
& 1 1A
é 340 - J BC D
o 330_. H *
320 — — ’
0 1 2 3

Decohesion length, mm

Fig. 11 —A plot of @, vs decohesion length. Arrow A shows char-
acteristic decohesion length, and arrows B, C, and D show the mea-
sured decohesion lengths of the composites containing uncoated, Al,O5-
coated, and ZrO,-coated Nb laminae, respectively.




below which @,,, becomes very sensitive to the de-
cohesion length. Computation of the model shows that
the characteristic decohesion length is equal to twice the
thickness of the niobium and that the normalized work
of rupture with the characteristic decohesion length, called
the characteristic normalized work of rupture, is constant
regardless of the size of the reinforcement.

The measured decohesion lengths, d,,, in the present
study are all larger than d,. However, the ratio of d, to
d. is found to be a lincar function of size of the rein-
forcement, as shown in Figure 12. The relations found are

d,/d. = 0.66 + 10.72¢ (for Al,O,-coated laminates)
d./d. = 0.66 + 8.70¢ (for uncoatcd laminates) [11]

It is noted that d,, becomes closer to d. as the size of
the reinforcement decreases, suggesting that the nor-
malized work of rupture becomes smaller and closer to
the characteristic normalized work of rupture. The oxide
coating changes the slope of the line, indicating that the
coating enhances decohesion, and the effect becomes
larger as the size of the reinforcement increases. With
Eg. [11], the decohesion length of the small size of the
reinforcement can be predicted, and the work of rupture
can be calculated from the model. A plot generated in
this way is shown in Figure 13, which shows that E,
decreases with decreasing size of the reinforcement, a
general trend found in the experiments. The discrepancy
in the values between the predicted and measured work
of ruptures is believed to be mainly related to the dif-
ference between the assumed and real contours of the
neck, as discussed in Section V-A. Notwithstanding the
discrepancy, the model deviates from the experiments by
only about 20 pct and is still capable of predicting the
general trend of the change of the work of rupture with
the size of ductile phase. Thus, as a first approximation,
the model can be used to estimate the contribution of
ductile reinforcements to the toughness of a brittle ma-
trix composite.

C. Effect of Yield Strength and Work Hardening

Effects of yield strength and work hardening on the
work of rupture are evaluated by substituting the prop-
erties of several different materials into the model. The
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Fig. 12— A plot of ratio of the measured to characteristic decohesion
lengths as a function of reinforcement size.

properties are obtained from Reference 27, and the true
stress-strain curves for some materials are shown in
Figure 14. It is noted that both 4340 steel and 70/30
brass have a higher work-hardening rate than the Nb used
in the present study. The computed stress-displacement
curves are shown in Figure 15, and the input and output
data are summarized in Table VII. It is clear that the
work of rupture increases with increasing work-hardening
rate. Although 70/30 brass has the lowest yield strength,
its high work-hardening rate cnables it to have a much
higher work of rupture than both 4340 steel and Nb, both
of which have a higher yield strength than the brass. The
reason for such phenomena is that a high work-hardening
rate reinforcement has a higher increase rate in the load-
carrying ability, and instability (i.e., the localized plas-
tic deformation within the necking region), therefore,
comes later than a low work-hardening rate reinforce-
ment. Thus, high work-hardening rate reinforcements have
a relatively longer stage of plastic deformation in the whole
decohesion region, leading to more encrgy being dissi-
pated and a higher work of rupture. It is noteworthy that
the brass has a very high normalized work of rupture,
which suggests that the normalized work of rupture could
probably be used as an indicator of the efficiency with

O measured
O calculated

2 A 1 A 1 i 1 " 1 A 1 A

0.0 0.2 04 0.6 0.8 1.0 1.2
Thickness of reinforcement, mm

Fig. 13 —The normalized work of rupture as a function of reinforce-
ment size.
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Fig. 14— The true stress-strain curves of some of the materials used
for evaluating effects of yicld strength and work hardening.




g

o 4001 brass
Q. 4340 steel /
= 300 1 P
g 200 1 /
“ 1001 Nb
0 v .
0 0.684 1.368 2.052

displacement, mm

Fig. 1S—Computed stress-displacement curves using the data in
Fig. 14 and Table VH.

which the work hardening contributes to enhancing the
work of rupture.

When yield strength is very high, such as 0.6 pct C
steel in Table VII, the work of rupture is also very high.
As shown in Table VII, 0.6 pct C stee! has a much higher
work of rupture than 70/30 brass, although it has a lower
work-hardening rate than the brass. The contribution of
yield strength to the work of rupture is mainly to in-
crease the maximum stress reached by the constrained
reinforcement. From the previous discussion, it is con-
cluded that both the high work-hardening rate and yield
strength are beneficial to the work of rupture. Work
hardening, however, is more cffective in enhancing the
work of rupture than yicld strength, because a high work-
hardening rate delays the instability of deformation for
constrained ductile reinforcements; thercfore, more ma-
terial of the reinforcements participates in plastic defor-
mation, and more energy has to be consumed.

VI. CONCLUDING REMARKS

1. The present set of experiments demonstrates that flow
behavior of constrained ductile reinforcement de-
pends strongly on the intrinsic properties and size of
the reinforcement and the properties of the matrix/
reinforcement interface. The maximum stress reached
by the constrained reinforcement increases as the
strength of the reinforcement and constraints in-
creases. Constraints, indicated by decohesion length,
are found to be related to the interfacial properties

and size of the reinforcement. Decohesion length in-
creases (rom the uncoaled to the oxide-coated lami-
nates and incrcases with increasing size of the
reinforcement. Dependence of the decohesion length
on the size of the rcinforcement is attributed to the
dependence on the size of the reinforcement of the
length of the necking-affected region and the lateral
displacement diffcrence between the matrix and re-
inforcement at the interface.
The normalized work of rupture, £,, is found to be
dependent on the size of the reinforcement. The E,
decreases with deercasing size of the reinforcement
and increases with decohesion length. The results in-
dicate that both the weak interface and the large size
of reinforcement improve the toughness of the
composites.

Based on the observation, the flow behavior of the

constrained reinforcement has been divided into three

stages: (1) elastic deformation; (2) plastic deforma-
tion within the decohesion region; and (3) localized
plastic deformation within the necking region. An ap-
proximate model has been developed to describe these
three stages. The model gives insight into the influ-
ence of decohesion, yield strength, work hardening,
and size of the reinforcement on the stress-displacement
curve. The overall shape of the o-u curves generated
by the model fits the measured curves reasonably well.

. Computation of the model indicates that the work of
rupture is enhanced by a relatively weak bond at the
matrix/reinforcement interface, by a large size of re-
inforcement, and by a high yield strength and work-
hardening rate. A high work-hardening rate is more
effective in enhancing work of rupture than is a high
yield strength.

. Computation of the model suggests that there is a
characteristic decohesion length, d., with which the
normalized work of rupture, E,, is constant regardless
of the size of the reinforcement. It is found that the
deviation of the measured decohesion length from d,
increases with increasing size of the reinforcement,
which leads to E, increasing with increasing size of
the reinforcement. A relationship between d,, and d.
is found, which allows the prediction of the real de-
cohesion length for the small size of the reinforce-
ment and, therefore, the calculation of the work of
rupture {or the specific size of the reinforcement.
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APPENDIX

Finite element analysis (FEA) of the stress distribution
across the neck and the contour of the decohesion region
during the elastic deformation was implemented using
the finite element software package ANSYS. Due to the
symmelry, only onc-quarter of the specimen was ana-
lyzed using two-dimensional four-node isoparametric
elements with an assumption of planc-strain deforma-
tion. A typical finite element model for the constrained
Nb is shown in Figure 16. The displacement at the mid-
plane of the neck was allowed only in the x-direction,
and the bonded boundarics of Nb to the matrix and to
the axial central plane were allowed to displace only in
the z-direction, as shown in Figure 16.

Results from the FEA for the case of a constrained
1.0-mm Nb lamina with a 2.28-mm deccohesion length
under a nominal axial stress of 150 MPa are presented
in Figures 17 and 18. Figure |17 compares the assumed
contour of the decohesion region with the FEA resuit.
The data show that the-assumed contour deviates from
the FEA result, leading to a smaller crack-opening dis-
placement compared to the finite element analysis. How-
ever, the difference is so small that it introduces negligible
errors to the computation of the work of rupture.

Evaluation of the effective stress distribution across
the midplane of the neck is shown in Figure 8. Clearly,
the effective stress is not constant across the midplanc
but increases from the free surface to the center of the
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Fig. 16 —The mesh and boundary conditions used for analysis of
constrained Nb.
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Fig. 18—The effective stress distribution at the midplane of the neck.

neck. Although the assumed constant effective stress does
not represent the real stress distribution, the crack-open-
ing displacement calculated according to the assump-
tions is not much different from the finitc element analysis,
as shown in Figare 17. Similar results were also obtained
from the calculation of constrained 0.25- and 0.5-mm
Nb laminae. Thus, it is concluded that the assumed
constant effective stress and contour of the decohesion
region impose negligible errors on the calculation of the
o-u curve-and the work of rupture. -
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STUDY OF THE FLLOW BEHAVIOR OF CONSTRAINED DUCTILE PHASES

....... . EXPERIMENT

Lingang Xiao
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Abstract

Effects of the matrix/reinforcement interface, and the mechanical properties and size of the ductile
reinforcement on the flow behavior of the constrained ductile reinforcement have been cvaluated
using a tensile test on a single Nb lamina imbedded in MoSi matrix. Three different thicknesses
of Nb foils (1.0, 0.5 and 0.25 mm) have been tested. Variation of interfacial bonding was
achicved by depositing an oxide coating (Al203 or Z:0,) or by the development of a reaction
product layer between the reinforcement and matrix. It was found that work of rupture of the
ductile reinforcement increased with size of the ductile reinforcement and with decreasing
bonding strength at the matrix/reinforcement interface. Such results suggested that both of
increasing size of ductile reinforcement and obtaining a relatively weak interface were conducive
to toughness of the composites. It was also found that the work of rupture normalized by size
and yicld strength of the reinforcement was dependent on the interfacial properties and size of the
reinforcement. The results were interpreted in terms of the dependence of the decohesion length

on the interfacial properties and size of the reinforcement.




L_Introduction

Numerous studics have shown that improved fracture toughness can be achieved by the
incorporation of a ductile sccond phasc into a brittle matrix. Examples of current or potential
technological significance are tungsten carbide toughened with cobalt network [1,2), zirconia
toughened with zirconium network [3], alumina toughened with dispersed molybdenum (4],
magnesia toughened with cobalt and nickel particles or fibers {5], and glass-enamels toughened
with dispersed aluminum and nickel particles [6]. Successful toughening has also been observed
in titanium aluminide (7] and molybdenum disilicide [8,9] reinforced with niobium pancake or
filament.

The primary toughening mechanism of ductile reinforcement has been attributed to the bridging
of ductile ligaments [10-14]. The contribution to fracture toughness from bridging can be
estimated by extending cohesive force model [15] to ligament bridging [11,12] and can be
written as

AG=va O (U) AU e (1)
0

where o(U) is the nominal stress carried by the constrained ductile reinforcement for a given
crack opening U, V£ is volume fraction of the ductile reinforcement, U* is the crack opening at

the point when the ductile reinforcement fails and the definite integral, designated as &, is the
work of rupture of the constrained ductile ligament. Thus, the key to predict the increased

fracture toughness is to calculate 6(u) as a function of crack opening. Recognizing that o(u) is
different from that measured in a simple tensile test, several investigators [16-18) have used a

test procedure to evaluate o(u). The test procedure is based on the concept that the stress-
displacement relatonship obtained from one ductile reinforcement imbedded in a brittle matrix
can be used to describe the mechanical characteristics of the reinforcements in the composites.
Their results demonstrated that flow behavior of constrained ductile phases was governed by the

yicld strength, o9, work hardening coefficient, n, and the decohesion length, d, at the
matrix/reinforcement interface. Clearly, more work needs to be done in this area to evaluate the

cffect on a(u) of the intrinsic properties of the ductile reinforcement (yicld strength, work
hardening and ductility), interfacial properties and size of the ductile phascs.

The principle intent of the present study is to experimentally examine the effects of properties of
the mamix/reinforcement interface and size of ductile phase on its flow behavior, and therefore on
the enhanced fracture toughness of the composite. The system sclected for investigation was
MoSi2 matrix reinforced with Nb. Since the two components used have similar cocfficients of
thermal expansion, the residual thermal stresses were minimized, thus simplifying the present
stress analysis. Specimens with laminated form have been used, because of the case of
producing the composites with controlled properties, but it still serves the purposc of the present
study. The results showed that work of rupture of the ductile reinforcement increased with size
of the ductile reinforcement and with decreasing bonding strength at the matrix/reinforcement
interface. Such results suggested that both of increasing size of ductile reinforcement and having
a relatively weak interface are conducive to toughness of the composites.

1L Experimental

Disc shaped laminated specimens were prepared by stacking a Nb foil with two layers of MoSi»
powder (-325 niesh) at an appropriate ratio, and then vacuum hot pressing at 1400°C for | hour
under a pressure of 40 MPa. In order to minimize residual thenmal stresses, the hot pressed discs
were held in the hot pressing chamber at 800°C for 1 hour beforc cooling down to room
temperature. The residual thermal stresses induced with such processing have been estimated to
be small with a tensile stress of 19 MPa in the matrix and a compressive stress of 79 MPa in the
Nb on the lamina plane [19]. Three different thicknesses of Nb foils (1.0, 0.5 and 0.25 mm)
with a purity of 99.8% were used 1o prepare the laminated specimens.  Vanation of the




matrix/reinforcement interfaces was achicved

No by depositing diffcrent oxide coatings

(Al203 or ZrO?) to the Nb surface prior to

the hot pressing or by the development of a

reaction product layer between the matrix

MoSi and reinforcement. Details of the coating
2 \l\ procedures can be found in Reference (9).

The hot pressed discs were cut into
rectangular tensile test bars with dimensions
— — of 5.0x3.9x30.0 mm, as shown in Fig. 1.
Straight-through notches in the MoSi2
matrix were introduced using a diamond
wafering blade with a thickness of 0.15 mm.
Distance from the notch tip to the laminate

interface is 300 um for 1.0 mm thick Nb

Fig. | Schematic of a composite laminate test lamina and 200 pm for 0.5 and 0.25 mm
specimen. thick Nb laminae. Such distances have been
. found to be small enough not to distort the
stress-displacement curve of the constrained ductile reinforcement and at the same time remain an
appropriate degree of clastic constraint from the matrix [20).

Displacement controlled tensile tests were conducted using INSTRON with a displacement speed
of 0.005 in/min. The wedge type grips were used to clamp the specimens and load train
alignment was achicved by coupling the top grip to a universal joint. The load was recorded as a
function of cross head displacement.

To obtain the intrinsic mechanical properties of Nb used, tensile and hardness tests were
conducted on the as-reccived and processed Nb foils. The processed Nb foils were obtained
from hot pressed ZrO; coated Nb/MoSiz composites by breaking all the MoSiz on both sides of
the Nb foil. This is not very difficult to do due to a relative weak bonding between Nb and
MoSis at the presence of a ZrO7 coating layer (it is described in Section 3.2) .

UL Resuls and Discussi
3.1 Mecchanical Progertics of U incd Niobi

Properties measured from the processed Nb and as-received Nb arc summarized in Table 1. The
data show that strength of Nb has increased after hot pressing except for the 1.0 mm Nb foils,
but the rate of strain hardening increased for all the niobium. Such changes are belicved to be due

Table 1. Mechanical properties of the niobium used

Processing As received Hot pressed
condition (ZrO7 coated, 14000C, 40 MPa for | hr)
Thickness of 1.0 0.5 0.25 1.0 0.5 0.25
Nb foil (nun)
Microhardness (HV) 110 19.4 82.3 104 14 131
Yicld strenpth (Og, MPa) 204 121 123 180 211 236
Tensile strength (G, MPa) 277 195 204 221 2060 285
Elongation (8) | 0.403 0.523  0.468 0317  0.175  0.103
Strength coetlicient (MPa) 454 353 370 356 303 380
Strenpgth hardening
cocllicient (n) 0.173 0.245  0.243 0.165 0.085 0.076
gtV 1.85 1.52 1.49 1.73 1.85 1.80

o /HV 2.52 2.45 2.48 2.12 2.28 2.1




Fig. 2 Optical microstructures of Nb foils. (a) as-received, 1.0 mm thick; (b) processed , 1.0
mm thick; (c) as-received, 0.5 mm thick and (d) processed, 0.5 mm thick. Note that different
magnifications are used.

to a combination of two competitive processes during hot pressing: (1) grain growth of Nb, as
shown in Fig. 2; (2) solid solution strengthening becausc of the equilibrium of Nb with the
silicides formed at the matnix/reinforcement interface, as shown in Fig. 3. For 1.0 mm Nb foils,

grain sizc has changed from 15 to ~500 pm, which lcads to a large decrease in strength and
overshadows the increase due to the solid solution hardening. For 0.5 and 0.25 mm Nb foils,

grain size has changed from 50 to ~370 pum and from 48 1o ~300 pm, respectively. However,
shorter diffusion distance 1o the center of the niobium has made solid solution hardening
dominate over the softening duce to the grain growth. Therefore, 0.5 and 0.25 mm Nb foils show
an increased strength after hot pressing.

[tis noted in Table | ihat the tensile strength and Vicker's hardness exhibit a definite relationship,
Loe, Ou/lIV equals 1o 2.48 £ 0.04 and 2.19 + 0.08 for the as-received and processed Nb,
respectively. Such definite relation has also been reponed for other materials [21]. Ratio of the
yicld strength o the Vicker's hardness is also approximately a constant, as shown in Table 1.
The results indicate that it is reasonable 1o infer the strength of the niobium from the hardness
measured. Hardnesses of Nb hot pressed with different conditions are summarized in Table 2.
The table shoes that the hardnesses are almost the same for cach group of Nb based on the size.
Duc 1o such hardness results, the stress-strain relations for the unconstrained uncoated and AlO3
coited Nb can be assumed 1o be the same as that of the processed Nb which is the 7103 uncoated
Nb before MoSt on both sides of the Nb fouls has been broken away.




Fig. 3 Interfacial microstructures of (a) uncoated, (b) Al203 coated and (c) ZrO; coated
Nb/MoSi2 laminated composites.

Typical engincering stress-strain curves {or

300 ; A 02 different sizes of the processed Nb foils are

:0.5 mm shown in Fig. 4. As seen in the figure,

: LOmm strengths and rate of work hardening arc

different for different sizes of Nb. It is

belicved that such difference is mainly due to

the differences in grain size and solid
solution strengthening, as discussed above.
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] From the above discussion, it is clear that
; the intrinsic mechanical propertics of the Nb
0 reinforcement in the composites are different
. from those of the Nb before the
0 0078 0.5 . 0236 0315 compositing. It is belicved that such change
. Strain in propertics duc to hot compaction
Fig. 4 Typical engincering stress-strain curves  processing is a common phenomenon for
for three differcnt thicknesses of the processed  ductile-phase-reinforced  brittle matrix
Nb foils. composites, because most of them have to
be fabricated with high temperature processing techniques. Even in chemically compatible
composites, change of grain size will cause property change of the ductile reinforcements. Such
change imposes difficulty on the prediction and modeling of the composite properties.

1.2_Failure Mechani { Related O . . ined Niobi

An edge view of the unconstrained and constrained uncoated Nb foils after tensile test is shown
in Fig. 5. As scen in the figure, Nb foils fail by drawing down to a wedge for both the
constrained and unconstrained conditions. All three different sizes of Nb foils show the same
failur:j: ggchanism. as shown in Fig. 5. Furthermore, such necking is also observed for all the
coate .

g B 8

Details of the interfaces for the coated and uncoated foils are shown in Fig. 3. As scen in the
figure, the comted foils contain three interfaces between the matnx and reinforcement:

Table 2. Microhardness of Nb with different processing conditions
(hot pressed at 14000C, 40MPa for | hr)

Thickness of 1.0 0.5 0.25

Nb foil (mm)

I‘rocc.sgng Uncoated A0y Zr0;  Uncouted A0y 402 Unceated ALRO3 7:0;
condition coated coated coated coated coated coated

Hv 104 106 104 -7 118 1o 114 131 134 131




0159 .160.00 UFMSE .
IFig. S An edge view of fractured specimens, showing contour of the neck. (a) is a
unconstrained, processed Nb foil with a thickness of 1.0 mm, (b), (c) and (d) are constrained Nb

with thicknesses of 1.0, 0.5 and 0.25 mm, respectively. Note that different magnifications are
used.

MoSig/coating/NbsSi3/Nb; whereas, the uncoated foils contain two interfaces :
MoSi2/(Mo,Nb)sSi3/Nb. Examination of the microstructures on the tested specimens show that
decohesion of the Al203 and ZrO3 coated Nb from the matrix was largely due to debonding at the
interfaces, as shown in Fig. 6, while decohesion in the uncoated Nb came largely from the
matrix fracture, as shown in Fig. 5. This is
in agreement with a related study (22),
which shows that the uncoated interface has
a higher interfacial fracture energy than the
fracture cnergy of the matrix, while the
oxide coated interfaces have a lower
interfacial fracture energy than the matrix.
Thus, it is expected the matrix would
fracture before the interface fails in the case
of the uncoated Nb, as contrasted with
predominance of interfacial failurc in the
case of the coated Nb.

Both interfacial failure and matrix fracture
create a “gauge length™ at the
matrix/reinforcement interface which is
1g. 6 An edge view of a fractured Al2O03  vinually a region free from constraints of the
coated NB/MoSiz composites laminate, showing  matnix and is called decohesion length in the
mierfacial debonding. text. The measured decohesion lengths are

[ 20KV X30 - 08531000.CY UFHSE




Tablc 3. Decohiesion length in the MoSiy/Nb composites
(hot pressed at 14000C, 40MPa for | hour)

Thickness of 1.0 03 0.25

Nb foil (nmm)

Processing Uncouated AROy 72103 Uncoated Al203 ) Uncoated  ALOy 2507

condition coated  coated coated  coated coated  coated

Decoliesion Decoheston Dccoheston 0.9410.23

length (mm) 10 £S5 allthe way 29404 3.340.4 all the way 0.86£0.09  1.30L0.61
to the grps. to the grips.

summarized in Table 3. The data show that within cach sizt group, decohiesion length increases
from the uncoated 10 Al203 coated and then to ZrO3 coated Nb/MoSiy camposites. Such results
are consistent with the measurement of the interfacial fracture encrgy (22], which shows that the
uncoated NIYMoSiy has the highest interfacial fracture encrgy, followed by the Al,O3 coated and
then ZrO3 coated N/MoSip composites.

Increase of the decolicsion length with the thickness of Nb foils, as shown in Table 3, is believed
to be mainly related o the necking of the Nb. Fig. 7 shows schematically clfect of the necking on
the decohesion leagth. Leagth of the Nb region affected by nccking, 2H, is proportional to the
thickness of the Nb, as shown in Fig. 5. Approximately, H is 1.3 times of the thickness of Nb,
measured from Fig. 5. Large lateral displacement of Nb in the necking affected region gives risc
to large transverse stresses which Iead to the interfacial debonding and/or matrix fracturc. Thus,
the thicker the niobium, the longer the necking affected region, and therefore the longer the
decohesion length. If the interface bonding is relatively weak, such as the Al;03 and ZrO; coated
interfaces. the transverse stresscs aroused by lateral displacement of the Nb during uniform strain
can be large cnough to causc the interfacial debonding all the way to the test grips. During the
uniform strain, the lateral displacement of Nb right at the interface is proportional to thickness of

_the Nb. Therefore, decohesion by this mechanism is easier to occur in thick Nb composites than
in thin Nb counterpants, as indicated in Table 3.

The failure mechanism observed in the present study suggests that flow behavior of the
constrained Nb can be simplified into three stages: (1) elastic deformation; (2) plastic deformation
within the decohcsion region; (3) localized plastic deformation within the necking region. Such
processes are illustruted in Fig. 8. The crack opening of the matrix can be directly related to the
deformation of Nb in the decohesion zone. At the carly stage of crack opening, Nb only

Nb MaSi2 NY MosSi2
2t
2(1 2 .
-3 ———p TG
Crack ..
\.‘«— — |2, = # 2H,
G -o-}oif.....0..
Transverse stresses O
caused by different —<— [ > }. .. . .
lateral displacenients The region
affected by ‘{ }
T b necking
shear stresses
caused by load
transfer
>ty
Thick Nb Hl >H, Thin Nb

Fig. 7 A schematic showing effect of necking on the decohesion length.
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length, d
& . R - W+ U
Necking
region
Y
a. LElastic deformation, b. Plastic deformation, ¢. Localized deformation.

Fig. 8 A schematic of threc stages of deformation for constrained Nb. 2H is the length of
the necking affected region, 2a is remaining thickness of the reinforcement and U is
displacement.

undergoces clastic deformation, as shown in Fig. 8a. As crack opening increases, Nb enters the
stage of plastic deformation (Fig.8b). At last, the work hardening rate of the niobium at the
central portion of the decohesion region is lower than stress increase rate duc to decreasc in the
cross section area of the reinforcement, the localized deformation begins (Fig.8c), which lead to
the final failure of the Nb lamina. Such simplified deformation processes can be used to model
stress-displacement behavior of the constrained Nb, as presented in a related study [23).

3.3 Stress-Disol -  Consirained Niobi

Fig. 9 shows typical stress-displacement curves for the uncoated Nb foils with different
thicknesses constrained in MoSi2 matrix. The parameters measured are summarized in Table 4.

The work of rupture normalized by the yield strength, 69, and half thickness of ductile phase, t,

Oo

J"'ﬁu_)g_u

is presented as Ein the wuble and is called the normalized work of rupture in the text for

convenience. As seen in the figure and table, due to the different intninsic propertics, the
maximum stresses reached by the constrained Nb, Gmay, are different for different sizes of Nb.

However, if the Omax is normalized by its own yicld strength, the normalized maximum stress,

Omax/Oo. cxhibits an independence on size of Nb. This result suggests that the maximum stress
reached is not a function of size of the ductile phase. It is noted that the work of rupture increases
with size of Nb, indicating that large size of ductile reinforcement is more effective in improving
toughness of the brittle matrix composites. Such size dependence of work of rupture is believed
1o be due to the increase of decohesion length with increasing size of the ductile phase. It is also
noted that the normalized work of rupture shows a dependence on size of Nb. Eq increases with
increasing size of the niobium. The size dependence of the normalized work of rupture is again
attributed to the size dependence of the decohesion length [23]. This result suggests that the data
of the normalized work of rupture obtained from the test on large size of ductile reinforcements




Table 4. Pacumcters measured from the uncoated  Table 5. Parameters measured from the

Nb/MaSi) Luninates composites with (0.5 mum thick Nb lamina
2 0'm;u (T",.“/O'” zx F-( l‘roccssing O'm.u Omax/(’() E, E(
(i (MDPa) ) (J/m?) condition (MDPa) (J/m2)
o 259 Fdd 477,000 5.3 uncoated 20 154 139,000 43
0.5 320 LS 239000 45 AlOjcoated 310 147 243,000 4.6
0.25 351 .19 B5.KK) 2.8 ZeOycoated 275 131 429,000 8.1
400 350 —— A x
. -— A uncoated
—~" '&; 8‘525‘“'::‘"‘ 100 8 0' A1203 coated
100 - C 035 mm C:2r02 coated
- / ML YA : 250
3 2 ¢
'. 200 - 200
g 2 10
wi (%]
100 100
50
0 o 2e 1o o
0 021 042 063 084 105 1.26 0 0.42 0.04 1.26 1.66
Displaccment, mm
Olsplacement, mm
Fig. 9 Typical Sucss-displaccmcn( curves of Fig. 10 Effcct of the coatings on the stress-
constraincd, uncoatecd Nb laminae with displacement curve, measured from
different thicknesses. compositc laminates with 0.5 mm

thick Nb famina.
cannot be extended to small size of the reinforcements directly.

Effect of coatings on the stress-displacement curves is shown in Fig. 10. The parameters
measured arc summarized in Table 5. The data show that as the decohesion length increases, i.c.,
the constraints on the reinforcEment decreases, the work of rupture increases. This is not
surprising since the longer the decohesion length, the more ductile material participates in the
plastic deformation, and therefore the more energy is consumed before fracture occurs. [t is
noted that as the dccohesion length increases, the nommalized maximum stress decreases,

indicating that increasing constraints on the ductile phase increases the Gmax. This is consistent
with theoretical analyses (11,13,16). Table 5 also shows that the normalized work of rupture is
dependent on the interfacial bonding strength. This is believed to be due to the increase of work
of rupturc with increasing decohesion length. The above results indicate that limited decohesion
enhances the energy consumed to fracture the constrained ductile reinforcement, and therefore
improves toughness of the composites.
LV, Concluding Remarks

The present sct of cxperiments demonstrate that flow behavior of coastrained ductile
reinforcement depends strongly on the intrinsic propertics and size of the reinforcement and the
properties of the matrix/reinforcement interface. The maximum stress reached by the constrained
reinforcement increases as the strength of the reinforcement and constraints increase.
Constraints, indicated by decohesion length, are found to be related to the interfacial properties
and size of the reinforcement. Decohesion length increases from the uncoated to the oxide coated
laminates and increascs with increasing size of the reinforcement. Dependence of decohesion
length on size of the reinforcement is attributed to the dependence on size of the reinforcement of
the length of the necking affected region and the lateral displacement difference between the

matnix and reinforcement at the interface. The results indicate that both weak ldterface and large
size of reinforcement improve toughness of the composites.




The normalized work of rupture, Ey, is found dependent on size of the rcinforcement. Eq
decreases with decreasing size of the reinforcement and increases with decohesion length. This
result suggest that more work needs to be done before the data of the normalized work of rupture
obtained from the test on large size of ductile reinforcaments can be extended to small size of the

the reinforcements,

Bascd on the observation, the flow behavior of the constrained reinforcement has been simplified
into three stages: (1) clastic deformation; (2) plastic deformation within the decohesion region;
(3) localized plastic deformation within the nccking region. Such simplified deformation
processes cnable the modeling of the stress-displacement relation to be implemented.
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STUDY OF THE FLOW BEHAVIOR OF CONSTRAINED DUCTILE PHASES

............ II. MODELING

Lingang Xiao

Department of Materials Science and Engineering, University of Florida,
_ Gainesville, FL 32611

Abstract

Brittle materials can be toughened by incorporating ductile reinforcements into them. To evaluate
the toughening by ductile reinforcements, it is necessary to know the stress-displacement relation
of the ductile phase constrained by the brittle matrix. In the present study, based on the
observations from tensile tests on the specimens of a single Nb lamina imbedded in MoSiz
matrix, an analytical model is developed which gives insight into the influence on the stress-
displacement curve of yield strength, work hardening, matrix/reinforcement interfacial bonding
strength and size of the reinforcement . A characteristic decohesion length, which is a function of
size of the reinforcement, has been identified by the model and related to the measured
decohesion length. The results allow the extrapolation of the work of rupture measured from
large size of constrained ductile phascs to small size of the ductile phases. As the reinforcements
used in composites are usually smaller in size than those tested in such tensile tests, the
extrapolation of the work of rupture allows the contribution of ductile reinforcements to the
toughness of a britde matrix composite to be calculated.




L_lntroduction

It has been established that substantial toughening of brittle matrices can be achieved by
incorporating ductile reinforcements [1-9]). The primary toughening mechanisim of ductile
reinforcement has been attributed to the bridging of ductile ligaments [10-14], although the
ductile reinforcements may also increase toughness by crack deflection and by trapping
mechanisms. The contribution to fracture toughness from bridging can be estimated by extending
cohesive force model [15] to ligament bridging (1 1,12] and can be written as

U.
AG_:V‘_J G(U)dU e ()
0

where o(U) is the nominal stress carried by the constrained ductile reinforcement for a given
crack opening U, Vf is volume fraction of the ductile reinforcement, U* is the crack opening at

the poirit when the ductile reinforcement fails, and the definite integral, designated as & in the
text, is the work of rupture of the constrained ductile ligament. Thus, the key point to predict the

increased fracture toughness is to calculate a(U) as a function of crack opcning. Duc to the
difference between o(U) and that measured in a simple tensile test, several investigators have
attempted to relate g(U) to the uniaxial stress-strain properties of the ductile phase. The methods

used included a slip line ficld analysis [11,12], finite clement methods [11,13), spring models

(10,14] and geometric models (11,13,16). Their results indicated that o(U) was dependent on
the intrinsic propertics of the ductile phase and the constraint conditions. However, direct
comparison of stress-displacement curves between the models and experimental results is not
very satisfying in magnitude, although the general trends are the same for the models and
experiments.- The extrapolation of the work of rupture measured from large sizc of constrained

ductile phases to small size of the ductile phases also needs to be investigated.

The present study is aimed to model the stress-displacement relation and to cxamine the
feasibility of extrapolation of the work of rupture measured from large size of constrained ductile
phases to small size of the ductile phases. Bascd on the obscrvations from tensile tests on the
specimens of a single Nb lamina imbedded in MoSi7 matrix, an analytical model is developed
which gives insight into the influence on the stress-displacement curve of yicld strength, work
hardening, matrix/rcinforcement interfacial bonding strength and size of the reinforcement . A
charactenistic decohesion length, which is a function of size of the reinforcement, has been
identified by the model and related to the measured decohesion length. The results allow the
extrapolation of the work of rupture mcasured {rom large size of constrained ductile phascs to
small size of the ductile phascs and allows the contribution of ductile reinforcements to the
toughness of a brittle matrix composite 1o be calculated.

The symbols“uscd in the text arc defined in Table 1.
1L._Modeling

It has been shown [17,18] that the failurc of the constrained Nb laminac in MoSip matrix
involves the following scenario. When an advancing crack just impinges a Nb reinforcement, no
debonding at the matrix/reinforcement interface occurs. As external load continucs to increase,
debonding at the interface and/or multiple fracture of the matrix near the interface occur duc (o a
relatively large lateral deformation of the Nb reinforcement compared to the matrix and load
wransfer from the matrix to the reinforcement. Then come the necking and fracture of the niobium
as the load continues to increase. The observations {17] lead to a simplificd flow behavior of the
constrained Nb which can be divided into three stages: (1) clastic deformation; (2) plastic
deformation within the decohesion region; (3) localized plastic defonmation within thic necking
region. Such deformation processes are illustrated in Fig. 1. Atthe carly stage of crack opening,
Nb only undergoes clastic defonnation, as shown in Fig. 1a. As crack opening increascs, Nb
enters the stage of plastic deformation (Fig. Ib). Atlast, the work hardening ratc oLthe niobium




at the central portion of the decohesion region is lower than stress increase rate due to decrease in
the cross section area of the reinforcement, the localized deformation begins (Fig.1c), which lead
to the final failure of the Nb lamina.

In the present study, displacement of the stress-displacement curve is assumed to only come
from the deformation of Nb lamina inside the decohesion region because the Nb outside the
decohesion region is bonded to the matrix and only undergocs elastic deformation. Contour of
the Nb lamina in the decohesion region is assumed to be part of the outside surface of a cylinder
with a varied radius of R for all the stages of the deformation, as shown in Fig. 1. Such
assumption is a good approximation to the real contour of the Nb observed in the experiments
(17} and makes the calculation possible. To generate data of the nominal axial stress-

displacement curve (G-U), U is measured as the axial displacement of the matrix point at the

boundary of the decohesion region, while G is computed from the total force exerted on the
remaining cross section of the midplane at the neck, normalized by the original midplane area.
Plane strain is assumed for the computation in all the stages.

The true stress-strain relations of the Nb

Table 1. Symbols and definition
laminac used in the calculation are

2a  remaining thickness of reinforcement
d decohesion length
dc  characteristic decohesion length

Oy = 356 £ 0-165 (MPa)  for 1.0 mm Nb

dm  measured decohesion length o = 363 £,0-085 (MPa)  for 0.5 mm Nb
E  Young's modulus o = 386 €,0.076 (MPa)  for 0.25 mm Nb
Ei  nommalized work of rupture

UM_. e (2)

, Jot The above cquations are obtained from the

direct measurement on the unconstrained hot
pressed Nb which is different from the Nb
prior to the compositing because of change
of the propertics of the Nb during hot
compaction. Use of the above equations
allow us to'compare the model to the
cxperiment directly. Details of the
measurcment of the truc stress-strain
rclations for the unconstrained hot pressed
Nb can be found in Reference [17). The

yield strengths, og, of three different sizes
of Nb laminac measured are also different
duc to different grain sizes and solid solution
strengthening (17). The yield strengths are
180, 211 and 236 MPa for Nb laminae with
a thickness of 1.0, 0.5 and 0.25 mm,
respectively.

To compute O-U data for clastic

€ true strain

€,  mean strain in x-dircction at the midplane
of the neck during clastic deformation

AG  increment in toughness caused by ductile

reinforcement
H length of reinforcement affected by necking
work hardening coefficient

Poisson’s ratio
radius of contour of the neck

stress
cffective stress

Oo  Yyicld swength

Omax maximum stress reached by constrained
reinforcement

Oy  yicld stress of constrained reinforcement

N

ala ™F =

Oza  stress in z-direction at the free surfuce of
neck
] initial thickness of reinforcement

U axial extension equal to crack-opening
displacement

U*  crack opening displacement at failure of
ductile reinforcement

Ve volume fraction of ductile reinfarecment

v
o(U) dU
£ work of rupture, L )

deformation, two more assumptions are
made: (1) the volume-conscrving nature of
large scale plastic deformation is ulso
applicable to this stage; (2) the cffective
stress across the midplane of the neck s
constant,

Assumption (1) and the assumed contour
relate the displacement, U, 1o the radius of
the cylinder, R, as




. R
Decohesion R0 .
length, d T ’

Necking
region
Y
a. Elastic deformation, b. Plastic deformaton, c. Localized deformation.

Fig. 1 A schematic of three stages of deformation for constrained Nb.

d+u)’

R= 121U

4 U
+§(d+U) ............ 3)

Assumption (2) renders Bridgman formula for a necking plate (19}

2 do,
Uz(%)‘:"x(%)'[R*%('fii)]‘ax_ ................. (4)

computable even for elastic deformation. x and a in the above cquation are defined in Fig. 1.
Although the assumed contour and constant effective stress do not represent the real situation of
the decohesion region, they introduce negligible error to the work of rupture (sce the Appendix).

With the assumption (2), boundary conditions at the neck and plane strain asswmnption, the stress

component G at the midplane of the neck can be related to the stress Gy, which is G, at the free
surface of the neck, as follows

2
03.=03+03-“—*—2—L—2£—)-0‘0, .................. (5)
(1-p+pd

Introduction of the Poisson’s ratio of Nb (1=0.39) into ¢q. (5) yiclds
Oz=09680, +0zn o (6

Substituting eq. (6) into eq. (4) and solving for G, yicld

R 0.032
(3)
0,=0,131.25-31.25 a - I (7
(%+%._’Li)o.on
2a

where G, is related 10 the average strain, E,, mensured from the neck with the following




equation

_ J.e,( G100, dx

x a
..
0.032
| 10.1 (%)
=0’u£-E-[9.5579a- 5 dx] e (8)
(R4l X yoon
at77 ),
v,

where E is Young's modulus of Nb, and £, can be measured from the dimension of the neck
using the relation of €, = Ln(a/t). Thus, by numerical integration of ¢q. (8), Ozq can be found

for any specific R and a. Using cqgs. (3), (6), (7) and (8), G-U data can be calculated for the
clastic deformation.

23 § ( Plastic Deformati

Von Mises yicld criterion is used to monitor the initial yiclding. Thus, when the cffective stress
reaches the yield strength of the Nb, plastic deformation begins. Now, Bridgman formula for a
necking plate (19]

= 1 a x2
o,—ou(l+Ln[l+i--§(l-?)]] ................. 9)

can be used directly 1o compute the nominal axial stress. By applying boundary conditions at the
neck, a relation between G4 and the effective stress, O, can be found, which is

0u=1-15476 ........................... (10)

where G is determined by the effective strain.

In the computation, the effective strain at the initial yicld is assigned as zcero, while the effective
stress has a value of the yield strength of the unconstrained Mb. After the initial yield, the
niobium is assumed to be perfect isotro